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Chapter 1 

INTRODUCTION 

 

1.1Thin films 

A coating is a layer of a material that covers the surface of an object and that has a thick-

ness that is much smaller than the extension of the layer in the two dimensions parallel to 

the surface. Generally, coatings are used to introduce functionalities by modifying proper-

ties and adding extra ones to a material. Well-known is the coating of materials simply for 

decorative purposes. Paint layers form one of the first and most used examples of that 

type of coating. The precise origins of the application of paint are unknown, but what is 

clear, is that they must be very old. The oldest documented figurative paintings are esti-

mated to be at least 40.000 years old1–3, which is in the Paleolithic, also known as the old 

stone age. The non-figurative paintings go back in time even before the habitation of mod-

ern humans in Europe3. Thinner classes of coatings are nowadays referred to as “thin 

films”. The first known thin metallic films are more than 5000 years old, which puts them 

in the middle bronze age. They were found in Egyptian tombs as the decorative gilding of 

death masks, sarcophagi and burial attributes4. In time, the types of thin films and their 

applications have grown into a  wide variety and they can be found all around us, making 

them an essential part of today’s products and technology. Common applications of thin 

metal films are to be found in household mirrors that consist of a glass plate covered at 

the rear side by a thin reflective metal film, and in the protective layers on touch screens 

of laptops and smartphones. For many practical applications, thin metal coatings are de-

posited on objects by straightforward techniques, such as hot-dip galvanizing, thermal 

spraying, electroplating and sherardizing.  

In materials science, a thin film is loosely defined as a layer of material with a thickness of 

up to several micrometers. In this thesis, I will address the regime also referred to as “ultra-

thin films”, as most of the films have a thickness smaller than 20 nm. Generally, a cheap 

inner material covered by a thin film of a more sophisticated or expensive material pro-

vides an attractive way to combine the bulk properties of the inner material with the 
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superior surface properties of the coating. Applications of this approach are essential not 

only for decorative purposes, but also to obtain superb corrosion resistance5, to improve 

electrical conduction6–8, to reduce friction and enhance wear resistance9–12, to reach high 

emissivity for infrared radiation13,14, and to combine these properties with special opti-

cal15,16, magnetic17,18 and mechanical behavior19. In a growing number of applications, for 

example in the semiconductor industry, thin metallic films are not primarily used as coat-

ings, but as essential functional device components, e.g. in microchips. In some applica-

tions, thin metal films are employed as free-standing membranes, without the support of 

a substrate20,21.  

Many properties of thin films are dictated or influenced by their internal structure. Thin 

metallic films usually do not take the form of a single crystal. Instead, most thin metallic 

films are polycrystalline, i.e. they consist of large numbers of differently-oriented, single-

crystalline grains. Together, the grain boundaries that separate the small crystallites, form 

a network of locations where the perfect crystalline structure is interrupted. These defects 

make the metal films mechanically vulnerable in comparison with their (hypothetical) sin-

gle-crystalline counterparts. Grain boundaries can also act as preferred channels for atoms 

and molecules to invade and traverse the material, so that chemical processes such as 

oxidation and other forms of corrosion take place not only at the outer surface, but also 

at the grain boundaries. The grainy micro- and nanostructure of thin metal films often 

result in surface roughness, simply because each individual grain at the surface of the film 

tends to evolve towards its own equilibrium shape instead of connecting to the grains that 

surround it in a flat and atomically smooth configuration22. On the small scale, this makes 

the surface of a polycrystalline film look more like a cobblestone road than a smooth pave-

ment. As we will discuss below, the polycrystalline structure also plays a role in the mor-

phological instabilities that thin films can undergo. 

As the surfaces and grain boundaries of thin, polycrystalline films affect many of the film 

properties, the deposition, structure and evolution of thin films are subjects of intense 

investigation in materials and surface science. A common and conceptually straightfor-

ward method to produce thin metal films is atom-by-atom deposition. In this thesis, we 

will restrict ourselves to this class of deposition methods, which we will elaborate on in 

Chapter 3. In relation to the instabilities mentioned above, the film morphology can be 

affected by the heating of the metal film, even when the temperature is kept far below 

the melting point of the metal. The extreme surface-to-volume ratio establishes a power-

ful driving force for morphological changes that can result in extreme consequences, such 

as dewetting and agglomeration. 

In this thesis, I will put a large emphasis on one particular aspect, dewetting. This behavior 

can be regarded as the opposite of wetting, which is the tendency of one material to 
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completely cover another material. Instead, in the case of dewetting, the outer material 

tends to break up. This can be observed on the macroscopic scale, for example when water 

on a glass window forms droplets instead of a continuous film. For the thin films in this 

thesis, the dimensions of the ‘droplets’ are much smaller but the underlying physics is the 

same. Dewetting turns the film into a collection of separate three-dimensional islands on 

the substrate, in full equivalence to water droplets on glass.  Dewetting can be observed 

when the temperature is high enough to enable the large amount of atomic motion that 

is required for these morphological changes; how high the temperature needs to be for a 

film of a specific material, roughly scales with the material’s melting point. 

 

 

Figure 1.1 Schematic illustration of a polycrystalline thin film on a substrate. Panels a-d illus-

trate grain boundary grooving from the surface inwards, whereas e-d demonstrate the same 

mechanism in combination with the void formation and grain boundary grooving at the inter-

face between the film and the substrate. In both cases, the film no longer covers the substrate 

in the final configurations, which is referred to as ‘dewetting’. Reprinted from Ref. 23. 
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Like most other diffusion phenomena, dewetting is a thermally activated process. It is ac-

tive already at and below room temperature, albeit that it may proceed so slowly at those 

temperatures that it escapes the observation. In a number of cases, dewetting can already 

take place during the deposition of a thin film, as a direct consequence of the mobility that 

the deposition process itself introduces. For the physical vapor deposition (PVD) process 

that is often used for the ultrathin films that are under investigation in this thesis, the 

transient mobilities of the arriving atoms correspond to typical migration distances below 

one nanometer, which are sufficiently short not to enable the films to dewet already dur-

ing the deposition stage. 

In order to understand the wetting properties of thin films, we need to inspect them from 

a thermodynamic perspective. Driving the wetting or dewetting is the reduction of the 

total surface and interface free energy of the film-plus-substrate system. The surface free 

energy quantifies the free-energy investment that is required to form a unit area of that 

surface out of a continuous, three-dimensional bulk arrangement of the same material. 

This accounts for the loss of interatomic or intermolecular interactions across the inter-

face, which may be partly compensated by rearrangements at and close to the surface. 

Nevertheless, for most materials, the surfaces and interfaces come with positive free en-

ergies, which means that the materials tend to minimize the areas of their surfaces and 

interfaces.   

 

 

Figure 1.2 The equilibrium shape of a material that covers a substrate incompletely, with a 

contact angle θ>0, corresponding to dewetting, as described by the Young-Laplace equation. 
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Energy minimization of a thin film on a solid substrate leads to the Young-Laplace equa-

tion24. 

  𝛾𝑠 = 𝛾𝑖 + 𝛾𝑓 𝑐𝑜𝑠 𝜃 ,  (1.1) 

where γ𝑠, γ𝑓 and γ𝑖  are free energies per unit area of the surface of the substrate material, 

the surface of the thin film material and their interface, respectively, and 𝜃 is the equilib-

rium contact angle (Fig 1.2). When 𝜃 > 0, the equilibrium solution corresponds to a ge-

ometry with incomplete coverage of the substrate by the overlayer or, in other words, to 

dewetting. When, on the other hand, the stability condition is satisfied; 

γ𝑠 > γ𝑖 + γ𝑓  ,  (1.2) 

the film-substrate combination minimizes the total free energy by simply covering the sub-

strate completely with a continuous film, i.e. by complete wetting.   

In this thesis, we concentrate on Mo and Ru thin films on a Si(100) substrate with a native 

oxide. Below, you can find the reported free energies of clean surfaces of Mo, Ru, Si, and 

SiO2, for their most prominent surface orientations. Unfortunately, Mo and Ru thin films 

on a Si or SiO2 substrate do not satisfy the stability condition for a wetting film. Even when 

they would be deposited in a configuration, in which they completely cover the substrate, 

they should break up and dewet, when provided with sufficient mobility to rearrange 

themselves, similar to a water film on a glass surface.  

Primary driving forces for dewetting are the reduction of the combination of the interfacial 

energies of the thin film-substrate interface, the substrate surface and the surface of the 

thin film, possibly complemented by the reduction in the energy involved in the mechani-

cal stress between the film and the substrate30.  This stress can result from the different 

coefficients of thermal expansion of the substrate and the thin film, which possibly puts 

the film under strain24. Especially for the thin metal films on the Si substrate, the thermal 

expansion coefficient is, generally, 2 to 3 times higher for the metals. In the case of a native 

oxide, this difference is reaching almost an order of magnitude. Table 1.2 shows the coef-

ficient of thermal expansions for Ru, Mo, Si and SiO2.  
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Material Surface Surface free energy 

(J/m2) 

Reference 

Mo 110 2.92 25 

Mo 100 3.34 25 

Mo 211 3.11 25 

Mo 111 3.24 25 

Ru 100 3.32 26 

Ru 111 2.90 26 

Si 111 1.40 27 

Si 100 2.14 28 

Si 110 1.52 28 

SiO2 

(native oxide) 

100 0.52 29 

Table 1.1 Surface free energies at room temperature of the materials that are the subject of 

this thesis. 

 

 

Material 

Coefficient of thermal expansion 

(μm · m−1 · K−1) 

 

Reference  

Ru 6.4 31 

Mo 4.8 31 

Si 2.6 32 

SiO2 0.56 32 

Table 1.2 Coefficient of thermal expansion for the materials that are the subject of this thesis. 
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There are various scenarios for the dewetting of a thin film that, ideally, would start out 

from an initially flat and continuous configuration. It can be shown on theoretical grounds, 

that a freestanding sheet of material is intrinsically unstable with respect to equilibrium 

fluctuations in thickness with wavelengths that exceed a certain length scale – this scale is 

directly related to the surface free energy of the material and the thickness of the film33–

35. This means that, given a sufficient amount of time, spontaneous, longer-wavelength 

thickness variations are bound to reduce the film thickness locally to zero. At that point, 

the finite contact angle 𝜃, dictated by the Young-Laplace equation for a non-wetting film, 

will stabilize the zero-thickness region and enable the film break open further. In addition 

to this scenario, most thin films contain specific locations where the energy barrier is re-

duced for the formation of the first ‘holes’ through the film. These special places should 

be regarded as ‘defects’ and can originate from the geometry, morphology and internal 

structure of the substrate36–38, but mostly come from the geometry and atomic-scale struc-

ture of the thin film itself39. A dominant class of such defects is related to the strong ten-

dency that was mentioned above, for most metals to crystallize. This organizes most metal 

films into conglomerates of small crystallites, all with different orientations, which intro-

duces grain boundaries where these grains are in contact with each other. These grain 

boundaries can be regarded as internal surfaces and, like the other interfaces in the sys-

tem, a free energy cost is associated with each of them. Thin films tend to minimize this 

cost by introducing height variations at their surfaces, with grooves decorating the grain 

boundaries and thus minimizing their areas. When provided with sufficient mobility, for 

example at elevated temperatures, this grain boundary grooving can proceed from the 

surface all the way down to the substrate40–42, as is schematically illustrated in Figure 1.1 

(a-d). When the interfacial energy between the film and the substrate is sufficiently high, 

additional grooving can even take place from the film-substrate interface, leading to the 

formation of voids and again leading to regions where the initially continuous thin film 

gets interrupted23,43. In both cases, it is again the value of the equilibrium contact angle 𝜃 

that determines whether or not these regions open up further and act as the starting 

points for the dewetting of the film. 

Dewetting of thin films can cause problems in the fabrication of these films or in their 

applications, for example in the field of integrated circuits, where such dewetting can take 

place not only for thin metallic films44–46, but also for thin films of metal silicides47,48 and 

silicon-on-insulator (SOI) structures49,50. In some cases, dewetting of thin-film structures 

can be suppressed by using capping layers51,52, by modifying the substrate on which the 

thin film is deposited53, or by using nanoparticles54. Unfortunately, no ultimate solution 

exists by which dewetting is prevented completely.  

A special class of applications in which dewetting can be problematic is formed by the thin-

film components that are used in state-of-the-art machines for photolithography with 
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extreme ultraviolet (EUV) light (Figure 1.3). These machines are used for the production 

of the most refined processor and memory chips to date. In the context of this technology, 

‘EUV’ refers to a wavelength of 13.5 nm. Examples of critical components of these ma-

chines that contain thin films are multilayer mirrors and pellicles (Figure 1.4). The mirrors 

are curved and act as lenses. They are used instead of conventional refractive optics that 

are of no use at 13.5 nm, because of the extreme absorption they would introduce at this 

wavelength. The curved mirrors are decorated with a multilayer stack in order to reach an 

acceptable fraction of reflected light at or close to normal incidence. In these stacks, each 

interface contributes a small amount to the reflected light amplitude, while a careful 

choice of the thicknesses of the layers ensures constructive interference of all partial re-

flections at normal incidence. At 13.5 nm, Si and Mo are used for these multilayer struc-

tures in view of their combination of acceptable absorption and relatively high optical con-

trast at this wavelength. When a precise period of 6.9 nm is chosen for each bilayer, the 

reflectivity of a single multilayer mirror can, in principle, be as high as 74%55, but in prac-

tice, recorded values reach up to 69.5%56. EUV pellicles are ultrathin, freestanding mem-

branes. These protect other elements in the lithography machines, such as the reticles – 

these are the masks with the ‘blueprints’ of the semiconductor device that is produced – 

that can become useless as the consequence of only a single particle landing in the ‘wrong’ 

place. The pellicles need to combine a high transmission for the EUV light, in order to min-

imize the loss of this light, with a high infrared emissivity, in order to limit the heating of 

the pellicle itself that results from the absorbed fraction of the EUV light. 

Often, multilayer mirrors and pellicles for EUV lithography are covered by a Ru capping 

layer. This layer serves a double purpose. It is meant to protect the delicate, underlying 

structures from direct exposure to the harsh conditions within the lithography machines, 

in which the cocktail of EUV photons and gasses, even at low partial pressures, can lead to 

chemical changes, such as oxidation, and other forms of degradation. And for the pellicles, 

it also serves to introduce a high infrared emissivity. When exposed to EUV light, the Ru 

film may warm up to temperatures at which it is prone to dewetting. 

The application of EUV mirrors and pellicles forms the motivation for the particular focus 

of this thesis on structures made of Si, Mo and Ru. We will investigate the thermal stability 

of these structures down to the atomic scale, in order to understand the dewetting phe-

nomena at play, with a keen eye for potential solutions.    
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Figure 1.3 Artist impression of an ASML EUV lithography machine. The optical trajectory of the 

EUV light is highlighted in purple, with the EUV source position on the far right, the reticle in the 

upper part and the illuminated semiconductor wafer in the center of the picture (Image source: 

ASML). 

 

Figure 1.4 Schematic illustrations of a multilayer EUV mirror and of the use of an EUV pellicle 

to protect the reticle (mask) from the arrival of particles that would otherwise be imaged 

sharply on the semiconductor wafer in the lithography process. Both multilayer mirrors and 

pellicles are typically covered by a capping layer, usually in the form of a Ru film with a thickness 

in the order of a few nanometers. 
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The elements Mo and Ru exhibit similar properties. They both are transition metals, lo-

cated in period 5 of the Periodic Table and their electron configuration ends with 5s1. Their 

standard atomic weights, melting points, densities and other chemical properties are quite 

similar. Apart from these similarities, there are also some essential differences between 

these two elements. For example, their crystal structures are different, namely body-cen-

tered cubic (bcc) for Mo and hexagonal close-packed (hcp) for Ru. From a chemical per-

spective, Mo has a much stronger tendency to oxidize than Ru, which makes it unfavorable 

in oxidizing environments, such as those in EUV lithography machines. But Mo absorbs 

light at 13.5 nm less strongly than Ru, which is, of course, highly desirable for application 

in EUV lithography technology. 

The second chapter of this thesis will address the growth and stability of elemental films 

of Mo and Ru and of Ru-Mo bilayers on Si substrates with a native oxide. The thermal 

stability, especially with respect to the grooving of grain boundaries and the de-wetting of 

the ultrathin films, is investigated by bringing the films to 

elevated temperatures and inspecting the result by various forms of microscopy and spec-

troscopy.   

Chapter 3 will review the literature about more radical, possible solutions to the grooving 

behavior, introduced by the grain boundaries of thin, polycrystalline metal films. Most im-

portantly, we will discuss possibilities to produce films of Mo and Ru with no grains at all, 

in the form of a metallic glass. For this, it is essential to familiarize ourselves with the ther-

modynamics and the evolutionary dynamics of amorphous and polycrystalline metal al-

loys. In addition to this, we will briefly review the fabrication methods, properties and 

limitations of such metallic glasses.  

As we will see in Chapter 3, usually, elemental metals cannot easily be made and kept 

amorphous, in practice. This is why Chapter 4 will focus on binary metal alloys, in particu-

lar, consisting of Ru and Mo. We will provide evidence that it is possible to obtain a truly 

amorphous alloy of these two metals. 

Chapter 3 explains that an amorphous configuration does not establish a genuine thermo-

dynamic phase and that it is inherently unstable or, at best,  metastable with respect to 

crystallization. This natural tendency for crystallization may be accelerated by heating or 

other forms of aging of thin amorphous films, potentially with detrimental effects on many 

properties of such films. In chapter 5, we will investigate the effect of heating on the 

atomic-scale structure, chemical composition and surface morphology of thin, metallic 

glass films.  
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1.2 Experimental methods 

Sample preparation  

A Polyteknik Flextura M506 S57 system was used in the NanoLab facility of our neighbor 

institute AMOLF, for the sputter deposition58 of all thin films in this work. In contrast to 

Ru-Mo growth studies reported in the literature59,60, our substrates were kept at room 

temperature. All films were deposited on p-doped Si(100) substrates; the native oxide on 

these substrates was not removed prior to deposition. For the production of thin MoxRu100-

x alloy films, Mo and Ru were co-deposited from separate sources by RF and DC sputtering, 

respectively. We used different types of power supplies for the two metals for practical 

reasons, but we do not expect this to influence the results significantly. The base pressure 

of the sputter deposition system was 1 x 10-7 mbar and the argon (Ar) pressure was 2 x 10-

3 mbar or higher during the deposition. In addition to the alloy films, also regular films of 

pure molybdenum and pure ruthenium were deposited by DC sputtering. During deposi-

tion, the substrates were rotated, in order to optimize the homogeneity of the deposition. 

Table 1.3 provides typical examples of the sputter-deposition conditions employed for the 

production of the alloy films discussed in this thesis. The first column shows the resulting 

compositions that were derived from the energy-dispersive x-ray spectroscopy (EDX) 

measurements in our scanning electron microscope (SEM, see the next page).  

Alloy  

composition 

(EDX) 

Power level (W) 

and type of 

power supply 

for Ru 

Power level (W) 

and type of 

power supply 

for Mo 

Ar pressure 

(mbar) 

Deposition 

rate 

(nm/s) 

Pure Ru 
200 

DC 
̅ 2 x 10-3 0.30 

Ru77Mo23 
75 

DC 

100 

RF 
2 x 10-3 0.16 

Ru43Mo57 
75 

DC 

250 

RF 
2 x 10-3 0.28 

Pure Mo   ̅ 
75 

DC 
1.33 x 10-2 0.15 

Table 1.3. Pure and alloy film compositions, measured by SEM-EDX, in combination with the 

employed deposition powers, the working gas pressures used, and the types of power supplies 

(DC versus RF) used in the sputter deposition process. The deposition rates in the final column 

were derived from the measured film thicknesses. 

 



Introduction 

 

12 
 

Characterization 

Measurements of the thicknesses of the deposited metal films were carried out in the 

following way. Prior to metal deposition, which was usually done simultaneously on mul-

tiple substrates, one of these substrates was partly coated by a photoresist film. After the 

metal deposition, the resist was washed off by acetone and isopropanol and this cleaning 

procedure also removed the deposited metal film from those parts of the substrate that 

had first been coated by the resist, while the metal film on other parts of the substrate 

stayed in place and remained unaffected. This procedure enabled us to accurately meas-

ure the height difference between the bare regions where the resist was removed and the 

regions that had not been coated by the resist and that were covered by the thin metal 

film. These height difference measurements were done by use of a profilometer and by 

atomic force microscopy (AFM). This provided us with accurate measurements of the film 

thicknesses. Samples used to measure the film thickness were not utilized for further ex-

periments to avoid possible contamination from the employed chemicals and their resi-

dues. The films used in this thesis had thicknesses typically ranging from 4 to 30 nm. 

We used AMOLF’s FEI Verios 460 SEM system61, with a Schottky field electron gun, for the 

inspection of substrates and thin films with scanning electron microscopy. The SEM images 

were taken at an electron energy of 5 keV and a beam current of 100 pA, unless indicated 

differently, and the samples were placed at approximately 4 mm distance from the ana-

lyzer. For all SEM images, we used the immersion field mode, in order to optimize the 

spatial resolution62. 

As an additional imaging technique, in particular for detailed measurements of the surface 

topography63, the film thickness (see above) and the surface roughness, we performed 

tapping mode AFM, using a Bruker Dimension Icon AFM64 system in ScanAsyst-air mode 

with silicon tips on silicon nitride cantilevers of Bruker’s SCANASYST-AIR or SCANASYST-

AIR HR type. AFM image processing was done by use of the NanoScope Analysis version 

2.00 software, Gwyddion, and a custom Python script.  

We used two techniques to measure the composition of the deposited alloy films. The first 

of these was energy-dispersive x-ray spectroscopy (EDX)65, for which we used an Oxford 

Xmax 80 detector, placed inside AMOLF’s scanning electron microscope. Typically, the EDX 

measurements were performed at multiple locations on the sample.  

The second technique that we employed to measure the surface composition of the thin 

films was X-ray photoelectron spectroscopy (XPS)66. Measurements with this technique 

were performed ex-situ with X-rays emitted from a monochromatic Al-Kα (1486.6 eV) 

source operating in an ultrahigh vacuum setup (base pressure better than 1.0 × 10-9 mbar) 

equipped with a Scienta Omicron R4000 HiPP-3 analyzer (swift acceleration mode, 1 mm 
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slit entrance) for elemental and chemical characterization of the surfaces of the films. 

Measured XPS peak shapes and intensities were fitted using the software KolXPD from 

Kolibrik67. Whereas the composition measured by XPS is characteristic of the outermost 

atomic layers of the investigated surfaces and thin films, the SEM-EDX results should be 

regarded as averaging over the entire thickness of the films that we investigated. 

Additional structural information came from standard, grazing-incidence X-ray diffraction 

(GI-XRD) measurements that were performed with Cu-kα radiation (wavelength of 

0.15406 nm), using a Panalytical X’Pert MPD diffractometer. The incidence angle was set 

at a constant, low value of 0.5° with respect to the sample’s surface plane, for all meas-

urements. 

Transmission electron microscopy (TEM)68 measurements were performed at the Zernike 

Institute for Advanced Materials of Groningen University. For this purpose, cross-sectional 

specimens were prepared in Groningen, with an FEI Helios G4 CX dual beam system at 30 

kV ion energy and polished at 5 keV and 2 keV to remove residual surface damage. These 

specimens were analyzed with a double-aberration-corrected FEI Themis Z scanning trans-

mission electron microscopy (STEM) system at 300 kV. High-angle annular dark-field 

(HAADF) STEM images were recorded with a probe current of approximately 200 pA, at a 

convergence semi-angle of 21mrad and with HAADF collection angles of 61–200 mrad. 

EDX spectral imaging was performed with a probe current of 1 nA, where the spectra were 

recorded with a Dual-X system, providing in total 1.76 sr EDX detector. 
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Chapter 2 

THERMAL STABILITY OF MOLYBDENUM AND             

RUTHENIUM THIN FILMS 
 

This chapter presents a study of the growth and evolution of ultrathin films of elemental 

Mo and Ru on Si substrates with a native oxide. Thermal stability, especially the grooving 

of grain boundaries and the de-wetting of the ultrathin films, is investigated by bringing 

the film structures to elevated temperatures and focusing primarily on the morphologies 

and microstructures of the thin films. Initially, the thin films exhibit a grainy surface as a 

result of their polycrystalline structure. For both metals, the grains of the films start to 

coarsen already at temperatures as low as 300°C, while they show complete dewetting at 

700°C and 800°C for Ru and Mo respectively. In an attempt to influence this dewetting 

behavior, we further investigate the high-temperature behavior of bilayers, consisting of a 

thin Ru film on top of a thin Mo layer, on Si substrates with a native oxide. We observe that 

the bilayer system exhibits significantly better thermal stability compared to its counter-

parts with pure Mo and pure Ru.    
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2.1 Introduction 

Surfaces and interfaces make thin films energetically less favorable than a three-dimen-

sional bulk arrangement of the same material. This can lead to the instabilities of thin films, 

such as dewetting. Dewetting is the phenomenon that a thin film breaks up into separate, 

three-dimensional clusters and leaves the underlying substrate exposed. The energetic 

driving force for dewetting resides in the differences in surface and interface-free energies 

of the thin film and the substrate, possibly in combination with driving forces deriving from 

mechanical stress between the film and the substrate. This phenomenon can be a major 

concern, especially for applications in which the film serves to protect the underlying 

structure and applications in which the precise layer geometry is essential and needs to 

be preserved. From the perspective of the interfacial free energies that are involved in the 

configuration of a film on a substrate, two possible scenarios should be considered, dic-

tated by the difference in Gibbs free energy, ΔG, specified in Equation 1.2. (1) If the sub-

strate surface free energy is higher than the sum of the surface free energy of the thin film 

and the free energy of the interface between the substrate and the film, the stability con-

dition (‘complete wetting’) is fulfilled and the film will tend to cover the substrate, even 

under conditions that allow it to rearrange Itself. (2) For thin films for which the sum of 

the surface free energy of the thin film and the free energy of the interface between the 

substrate and the film is higher than the surface free energy of the substrate, the situation 

is reversed and the driving force is towards configurations in which the thin film adopts 

the shape of an ensemble of ‘droplets’ and it no longer covers the substrate. These con-

siderations play a dominant role in the behavior of thin Ru and Mo films that is under 

investigation in this chapter. 

Thin metal films have a strong tendency to crystallize, which leads to an internal structure 

of differently oriented, single-crystalline grains. The grain boundaries between these 

crystallites are special regions in this structure, where the perfect crystallinity is 

interrupted. These regions are associated with interfacial free energy, the grain boundary 

energy, that makes the thin polycrystalline film seek for ways to reduce its total (internal) 

area. There are three ways to do so, namely reorientation of grains and grain boundaries 

into lower-energy grain-boundary configurations, coarsening of the grain structure and 

the corresponding reduction in the grain boundary density and the reduction of the grain 

boundary heights by the introduction of a groove at the location of each grain boundary 

that ends at the surface of the film. Due to the latter effect, each of the outer grains of the 

film is no longer flat at its surface, but develops into a portion of the equilibrium crystal 

shape. When the temperature is high enough for the surface atoms of the polycrystalline 

film to exhibit sufficient mobility, these energetic preferences will drive the grain boundary 

grooving and the surface of the film will become rough. The grain coarsening effect makes 
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all dimensions of the grains increase, adding to the roughness and depth of the grooves. 

When the grooves become deep enough to reach the interface with the substrate, the two 

scenarios that were discussed above become relevant. In the case of complete wetting, 

the grooving process should come to an abrupt standstill when the interface is reached. In 

that case, the film exhibits significant thickness variations, but it keeps covering the 

substrate completely, while the grain coarsening should stop. By contrast, in the non-

wetting case, the free energy is lowered further when the groove opens up at the interface 

and the substrate is progressively exposed. This pathway towards dewetting should be 

regarded as an extra vulnerability of all polycrystalline, non-wetting films. 

From a chemical point of view, Ru has a strong resilience against oxidation. This property 

makes that Ru is used as the material for capping layers to protect other materials in var-

ious applications. Ru also has reasonable transparency for EUV light, which makes this ma-

terial extra interesting for capping applications in the context of EUV lithography. How-

ever, at elevated temperatures, thin Ru films are prone to dewetting, also on Si and SiO2 

substrates, on which Ru films are often applied. The surface energies in Table 1.1 indicate 

that the surface free energies of Ru surfaces are higher than those of Si and SiO2 sub-

strates. As a consequence, films of Ru on Si or SiO2 substrates will, eventually, suffer from 

the phenomenon of dewetting, introduced above. In the PhD thesis of C. Sfiligoj69, the 

thermal stability and wetting properties were investigated of elemental Ru thin films with 

various densities that were deposited on Si(100) substrates, covered with a native oxide. 

As was shown in that work, all Ru thin films dewet this substrate when annealed at tem-

peratures between 700 and 800°C, which disqualifies Ru as a protecting layer on oxidized 

Si substrates in high-temperature applications. Figure 2.1 shows 5 nm thick Ru films on a 

Si(100) substrate, before and after annealing at 600°C. The annealing is clearly seen to lead 

to grain growth and coarsening with deeply grooved grain boundaries. In some regions, 

the depth of the grooves is so large that they reach the interface with the substrate, which 

results in the formation of holes; this is the first stage of dewetting. 

In this chapter, we investigate whether Mo thin films can be employed as a potential 

anchoring or adhesion interlayer between the oxidation-resistant Ru capping layer and the 

oxidized Si substrate, in an attempt to improve the thermal stability of configurations with 

a Ru top layer. 
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Figure 2.1 SEM micrographs of 5 nm thick Ru films on a Si(100) substrate with a native oxide, 

directly after deposition (left) and after annealing for 1 hour at 600°C (right). Note that the 

scales of the two images are different. 

 

Based on the numbers in Table 1.1, one might expect Mo thin films on Si or SiO2 substrates 

to exhibit similarly strong dewetting behavior as Ru, since the surface energies of Mo are 

similarly high as those of Ru. In spite of this similarity between the two refractory metals, 

Mo thin films may still introduce two advantages with respect to Ru that could lead to 

significantly reduced dewetting. The first of these has to do with the formation energy of 

the metal-Si (or SiO2) interface, which we may expect to be more favorable, i.e. lower, for 

Mo, due to its stronger tendency to form a silicide, which readily takes place when Mo 

atoms are deposited on a Si surface, even at room temperature70. The second is that, as 

was discussed in Chapter 1, dewetting requires surface mobility, for the thin film to re-

shape itself under the influence of the thermodynamic driving forces. Since diffusion co-

efficients depend more or less on the ratio between the temperature and the melting 

point of a material, the surface mobilities of Mo atoms on a Mo surface or at an interface 

between Mo and another material should be expected to be significantly lower than those 

for Ru at the same temperature, given the fact that the materials have similar properties 

but the melting point of Mo is almost 300°C higher than that of Ru. In other words, we 

should expect dewetting at the same temperature to proceed orders of magnitude more 

slowly for Mo than for Ru, or for it to happen at the same pace only at a significantly higher 

temperature. 

Prior to introducing Mo as an adhesion layer, we first investigate the thermal stability of 

Mo thin films on oxidized Si substrates, in order to verify the above expectations with 
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respect to possible compound formation and raised dewetting temperature. After 

introducing the Mo layers, we continue to follow the thermal behavior of bilayers of Mo 

and Ru, in which the Mo serves as the adhesion layer for the Ru capping layer. 

The Mo thin films in this thesis were obtained by DC sputter deposition on Si substrates. 

For this combination, other studies report the formation of a 1.2 to 1.9 nm thick, amor-

phous interlayer of molybdenum silicide71–73. Even though the thickness of this silicide is 

known, the atomic-scale details of the formation process remain to be understood. What 

we know, is that after, or maybe also due to the arrival of the Mo atoms on the surface, 

the Si atoms appear to have sufficient mobility to engage with the Mo atoms and form a 

compound74,75. This process is governed by the free energies of the surface and interface 

of all materials involved, i.e. of the Si substrate, the silicide film and the pure metal, by the 

formation enthalpy of the silicide and by the activation energies of the diffusion and reac-

tion steps that are required for the formation of the compound. It is possible to avoid the 

interfacial silicide formation, simply by leaving the Si substrate covered by its native oxide, 

prior to Mo deposition. This thin oxide layer can act as a diffusion barrier and prevent the 

direct interaction between the Mo and Si atoms up to a certain temperature. However, 

further heating may still enable the system to overcome the activation energies for diffu-

sion and silicide formation, resulting in the growth of an interfacial MoSi2 layer at a tem-

perature of 520°C76. For this process, different activation energies were reported of 4.1 

eV76 and 2.4 eV77.  

In this chapter, we address the evolution of films of elemental Mo, and bilayers consisting 

of Ru on top of Mo, on Si substrates with a native oxide. We use SEM and AFM to follow 

the thermal stability, in particular the grain coarsening, the grooving of grain boundaries 

and the dewetting of the thin films. Our study reveals a surprising stability of the Ru-Mo 

bilayers against dewetting, beyond the stability of Mo films and Ru films. In addition, we 

report unusual silicide structures that form at high temperatures for Mo and Mo-Ru films 

on oxidized Si substrates. 
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2.2  Thermal stability ultra-thin molybdenum thin films  

In this section, we investigate the thermal evolution of Mo thin films with a thickness of 5 

nm, deposited by DC sputter deposition on a Si(100) substrate with a native oxide. Details 

regarding the sample preparation can be found in the experimental methods section of 

Chapter 1.  

Before metal deposition, we characterized our Si(100) substrates with ellipsometry and 

AFM. From the ellipsometry data, we obtained the thickness of the native oxide to be 1.5 

nm. As we will see, this oxide acts as a diffusion barrier. But it also introduces modest 

roughness, which we measure by AFM to be 0.27±0.06 nm. All roughness values reported 

in this thesis are defined as the root-mean-square (RMS) height variation with respect to 

the average surface plane.  

The surface morphology and internal structure of freshly deposited and subsequently an-

nealed Mo thin films on Si(100) with a native oxide were investigated by SEM and AFM. 

Figure 2.1 presents SEM micrographs of the thermal evolution of a 5 nm thick Mo film. The 

first image was taken directly after 

deposition at room temperature, i.e. prior to annealing, and shows a relatively smooth thin 

Mo film that appears to cover the substrate completely. Elemental characterization by XPS 

did not show any signal from Si, which confirms that the film is fully closed. Within the 

modest contrast of the SEM micrograph, we recognize granular structures, which should 

be regarded as the typical signature of the nanoscale polycrystallinity of the metal film.  

The corresponding, first AFM image in Fig 2.2 for the freshly deposited Mo film is con-

sistent with the polycrystalline film structure. From the image, we obtain an average lateral 

grain diameter of 7.4 nm. This grain size somewhat exceeds the thickness of the film, indi-

cating that the entire film has the thickness of single grains, a typical result for ultrathin, 

polycrystalline films78. From the image, we measure a surface roughness of 0.35±0.03 nm. 

This height variation is larger than that of the underlying substrate, but it is still relatively 

modest, for example when compared to the roughness encountered when Mo is deposited 

on Si(111) without an oxide75. We interpret this in the context of the oxide’s role as a dif-

fusion barrier that prevents silicide formation, which would otherwise lead to the buildup 

of extra roughness. The observed roughness is therefore a genuine surface topography 

that is directly correlated with the grooves in the grain structure of the polycrystalline film 

and it has a relatively modest value as a direct consequence of the limited, average grain 

size. We will come back to this point later in this chapter. 

After inspecting the as-deposited film, we annealed the sample in a vacuum oven with a 

base pressure of 5x10-7 mbar to various, increasing temperatures, each time for a duration 



Chapter 2 

21 
 

of 60 minutes. Figure 2.1 presents SEM images after the annealing to four subsequent 

temperatures, showing changes in contrast and in characteristic shapes that set in already 

at a low temperature. Between the freshly deposited film and the situation after annealing 

at 200°C, the contrast reduced, suggesting that the annealing made the film smoother. 

However, at higher temperatures, between 200°C and 550°C, the SEM micrographs indi-

cate larger and rougher grains, suggesting that at these temperatures grain coarsening and 

grain boundary grooving take place. This is a well-known behavior that was reported and 

explained by Rost et al.22. To obtain quantitative information on the changes in surface 

roughness, we also conducted AFM measurements on the annealed samples; see Figure 

2.2.  

Up to 200°C, we indeed observe a decrease in surface roughness. Upon annealing of the 

sample to a higher temperature of 300°C, the roughness is found to increase again. In fig-

ure 2.2.d we plot the variation in surface roughness as a function of temperature. The se-

quence of an initial decrease of roughness, followed by an increase at higher temperatures 

is reminiscent of the observations by Rost et al. for the evolution of a thermally evaporated 

film of Au on a quartz substrate22. Even though the deposition methods and the metals 

differ, we believe that the physics that underlies the observed evolution is the same in both 

cases. At higher temperatures, the roughness decreases again. This is not observed for the 

Au films and has a different origin that we will discuss later. 
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Figure 2.1 SEM micrographs of the 5nm Mo film DC-sputter-deposited at room temperature on 

a Si(100) substrate with a native oxide. The first image is for the freshly deposited film. The 

other four images were taken after subsequent annealing for 60 min, each time at a higher 

temperature, as indicated in the images. The yellow bars indicate the length scales of the im-

ages; note that the first image is zoomed in further than the others.  
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The physics of the evolution of a polycrystalline metal film already starts during the for-

mation of the initial film structure. During the deposition of the film, the arriving atoms 

have no more than limited and largely transient mobility. This enables them to find each 

other and nucleate small adatom clusters that serve as the starting points for the grains 

that make up the film. Upon further deposition, these grains merge to fill out and close the 

layer. The limited mobility makes it practically impossible for these initial grains to optimize 

their orientations with respect to the substrate and their neighbors. The unfavorable, high-

free-energy grain boundaries between these grains, lead to relatively deep grain boundary 

grooves and correspondingly large height variations in comparison with the small grain 

sizes. If the atoms arrive with higher kinetic energy, so that they have more transient mo-

bility or they impart more energy and mobility into the grain structure that is already pre-

sent, the film can develop larger grains with lower-energy grain boundaries during the dep-

osition. This is why the surface morphology of the as-deposited thin films is strongly de-

pendent on the detailed settings of the sputter deposition parameters79.  

After deposition, the film can be made to evolve by subsequent annealing. This supplies 

the adatoms with surface mobility and can also enable the motion of grain boundaries. 

The latter type of mobility makes it possible for the film to undergo grain re-orientation, 

thus lowering the average free energies of the boundaries between the grains, of their 

surfaces, and of their interfaces to the substrate, and it leads to grain coarsening, thereby 

reducing the total amount of grain boundary area per unit of surface area. The removal of 

high-energy grain boundaries reduces the average depth of the corresponding grain 

boundary grooves, which explains our observation of the initial drop in surface roughness 

up to 200°C, in full analogy with the observations for polycrystalline gold films22. The sub-

sequent grain growth at even higher temperatures leads to a scaling up of the height dif-

ferences, in proportion to the coarsening of the average grain size, thus making the rough-

ness increase again, also following the observations in ref. 78 for gold films. Below, we will 

report this behavior also for the thin bilayer film.  
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Figure 2.2 AFM images obtained on the 5 nm thick film of elemental Mo, DC-sputter-deposited 

on a Si(100) substrate with a native oxide. In addition to the freshly deposited film, the mor-

phology is shown after annealing at two temperatures, each time for 60 minutes. All images 
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have dimensions of 1 μm × 1 μm and they are all displayed with the same conversion of height 

variations into colors, as indicated by the color bar. The middle panel presents the height cor-

relation function, measured from the AFM image of the Mo layer after annealing at 200°C. The 

dashed lines represent the corresponding fits for the asymptotic and power-law regions where 

w is the surface roughness (RMS) of 0.27 nm and x is the correlation length of 11.9 nm. The 

measured root-mean-square height variations and correlation lengths are plotted versus the 

annealing temperature in the bottom panels. Please note that the red data point for the RMS 

roughness at 550°C is taken from a larger image of 10 μm x 10 μm. Due to stronger data-aver-

aging effects in AFM images with larger distances between pixels, RMS roughness values from 

larger scan size images tend to show somewhat lower values for the roughness.  

 

At temperatures of 600°C and above, we observed strong deviations in the film evolution 

from mere grain coarsening. Figures 2.3.a-b are SEM micrographs that show the formation 

of nearly perfectly circular shapes on the surface with a distinct SEM contrast (lower yield). 

Where two isolated ‘dark’ structures meet, they are seen to merge in a way that suggests 

that the combined shape is the result of a line tension and a finite mobility. The radii of the 

(isolated) circles in these SEM observations vary between 0.5 and 0.8 µm. We have not 

observed any long-range order or pattern in the distribution of the circular structures over 

the surface. Figure 2.3.b demonstrates a smaller scan size with a higher resolution that 

provides an observation of modest differences between the granular structures inside the 

darker circular regions and in the surrounding, brighter areas.  

The high contrast in the SEM micrographs indicates a significant difference in the yield of 

secondary electrons emitted by the regions inside and outside the circles. This difference 

in secondary electron yield must be originating from a difference in either the material 

composition, its density, or the surface topography. Unfortunately, elemental 

characterization by EDX mapping is inconclusive for such an ultra-thin film because of the 

long mean free paths of the impinging (SEM) electrons and the emitted X-rays. 

Topographical differences should be visible in the AFM images. Figure 2.3 c shows the 

topographical AFM image. Panel-e shows the height profile along the 300 nm long blue 

line in Panel-c. Whereas much of the ‘contrast’ in the height image derives from subtle 

differences in the pattern of height variations inside and outside the circles, there is a 

modest difference in height, the inside of the circles being roughly less than 0.1 nm lower 

than the regions outside the circles. It is not very probable that these topographical 

subtleties would be responsible for the distinct, high contrasts in the SEM images, which 

leaves differences in material properties, in particular the composition or the density, as 

the most probable origin of the contrast in secondary electron yields. This is supported by 

the AFM phase image in Figure 2.3.d. Phase shifts in tapping-mode or non-contact AFM 

measurements reflect to what extent the tip-surface interaction deviates from being 
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purely elastic and are therefore a measure for the energy dissipation that the tip motion 

encounters. Systematic differences in this phase shift between different regions of the 

surface indicate mechanical differences between these regions, the surface systematically 

absorbing more energy in some regions than in others. The phase contrast in Figure 2.3.d 

should be interpreted as a clear indication of differences in material that the tip interacts 

with inside and outside the circles.  

The most straightforward way to explain the combination of evidence from the SEM and 

AFM data is that the annealing at 600°C has enabled the Si and Mo to come into contact 

with each other and form a compound: molybdenum silicide. This would require diffusion 

of one of these species through the native oxide, or the decomposition of the oxide in favor 

of silicide formation. The circular shape strongly suggests that the material conversion pro-

ceeds in the form of a radially expanding reaction front, starting independently at the cen-

ter of each of the circles. The low density of circles immediately shows that the process 

can only begin at special locations on the surface. This is typical for processes that are 

starting at defect sites, which, in this case, could be defects in the oxide layer that could 

establish easy diffusion channels for the Si atoms at and above 600°C. Such defects can be 

present in the native oxide already at room temperature. But they might also form upon 

annealing as a consequence of the large differences between the coefficients of thermal 

expansion for Mo, Si and SiO2, of 4.8, 2.6, and 0.56  · 10-6 K−1
, respectively. These numbers 

indicate that the oxide layer will be under significant tensile stress, as it would tend not to 

follow the expansion of the substrate and the Mo film. Such stress can cause localized 

deformations in the oxide layer, such as local thinning, which relieves part of the tensile 

stress80 and might result in the formation of voids in the oxide layer that act as the diffu-

sion channels and allow the Si to migrate to encounter the Mo atoms. 
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Figure 2.3 SEM (a,b) and AFM (c,d) images obtained on a 5 nm thick Mo layer DC-sputter-de-

posited on a Si(100) substrate with a native oxide, after annealing for 60 minutes at 600°C. The 

two AFM images display the height (c) and phase signals (d). They are displayed with the 
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conversion of height (height sensor) and voltage variations (phase image) into colors, respec-

tively, indicated by the color bar. Panel (e) shows the height profile along the blue line in the 

height image (c), where the two vertical lines indicate the locations of the perimeter of the dark 

region that is traversed by the profile and the green line and blue lines indicate the average 

height within the dark region and the average height around it respectively.  

 

A few extra words are in place on the evolution of surface roughness. It was found to start 

at a value of 0.35 nm for the as-deposited 5 nm Mo film and, after an initial decrease, the 

roughness rapidly increases at temperatures above 200°C (see Figure 2.2). Whereas we 

expected the rising trend of surface roughness at elevated temperatures to continue, the 

AFM micrographs after annealing at 600°C display surface roughness values of 0.41 and 

0.37 nm for the circles and the surrounding surface, respectively.  Averaged over the entire 

surface, the roughness amounts to 0.40 nm, which is almost equal to that of the as-depos-

ited film, within the error margin. This reduction of roughness goes against the typical evo-

lution of thin, polycrystalline metallic films that exhibit progressive surface roughening at 

elevated temperatures due to grain boundary grooving. The smoothening is indicative of 

a significant change in the atomic arrangement. The obvious scenario for this change in 

structure is that the silicide that is forming at these high temperatures (see above) is amor-

phous and therefore contains no grain boundaries. This would immediately remove the 

energetic driving force for roughening and actually favor a smooth surface. Indeed, it is 

well known that Mo silicide formation can result in an amorphous structure up to certain 

film thicknesses74,81. The surface smoothing of polycrystalline Mo thin films was also ob-

served in another study by subsequent annealing to increasing temperatures, as a result 

of the reduction in the grain size82 but in contrast, the correlation length is found to be 

gradually growing at elevated temperatures in our case (Figure 2.2). 

Despite the observation of the unusual silicide formation, we have not found any sign of 

dewetting up to a temperature of 600°C. Both AFM and SEM images are still manifest of a 

closed film, covering the entire substrate without any holes or separated 3D islands. 
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Figure 2.4 SEM micrographs obtained for the pure Mo thin film after annealing at 800°C. The 

upper panels are large-scale views that reveal the simultaneous presence of two different types 

of regions, labeled 1 and 2, with a distinct contrast between them. The two middle panels con-

tain higher-resolution detail on these different regions. The two bottom panels are colored ver-

sions of the middle panels, meant to bring out correspond to darker, single-layer dewetting and 

lighter areas, double-layer dewetting, respectively.  
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The next stage in our experiment was to anneal a freshly prepared sample at 800°C. Figure 

2.4 presents the corresponding SEM micrographs. The upper left panel contains a large-

size scan that covers two distinct regions, labeled  1 and 2. Here, we first discuss these two 

different types of regions. A somewhat higher-magnification view on a different part of the 

surface in the upper right panel brings out the network of worm-like structures and holes 

in both regions, which we associate with dewetting. In general, dewetting of a film goes 

through three subsequent stages. The first is the formation of holes. In this phase, fluctu-

ations in the film thickness, for example those that are introduced by grain boundaries, 

lead to places where the film thickness is reduced to zero, at which locations the film starts 

to rupture. The second stage is the labyrinth stage. This stage consists of the growth of the 

sizes of these holes and their coalescence, the latter making the film take the shape of a 

labyrinth of worm-like structures83,84. This seems to be precisely what we observe in Fig-

ure 2.4. The labyrinth stage is followed by island formation, which forms the final stage of 

dewetting. In this stage, the coating breaks up into droplet-like, separated islands. Since no 

droplet-like structure is observed in Figure 2.4, we conclude that the dewetting of the Mo 

film has not reached the final stage yet at 800°C. 

In order to understand the noticeable contrast between regions 1 and 2, we present 

higher-magnification SEM micrographs for both regions in the middle panels of Figure 2.4. 

The left panel, region 1, is typical for dewetting of a film on a substrate. In the middle right 

panel, region 2, an additional brightness level is visible. This is easier to distinguish in the 

bottom versions of the two middle images, in which we colored the top level in yellow and 

recognize the intermediate level as grey. It is the dominant presence of this intermediate 

level and the somewhat higher brightness of the brighter level that make the average 

brightness of region 2 higher than that of region 1, which is what can be seen in the two 

upper panels of Figure 2.4. I refer to the situation with two different contrast levels in the 

SEM images as “double-layer dewetting”. We speculate that the situation at 800°C has 

some resemblance to that at 600°C. The two types of regions at 800°C may correspond to 

the inside parts and the outside parts of large circles, where each circle is a reaction-diffu-

sion front, similar to the ones observed at 600°C. At the higher temperature, the entire 

surface must already be converted from pure Mo into a silicide layer. But it may well be 

that, at least on part of the surface (region 2), we see the simultaneous presence of two 

silicides, each with a distinct composition. Differences in their dewetting behavior at 800°C 

might then explain the double-layer dewetting appearance in the SEM images. 
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Figure 2.5  AFM images, obtained on 5 nm thick layers of elemental Mo after annealing at 

800°C. The right panel displays a higher-resolution scan on region 2.  Both images are displayed 

with the same conversion of height variations into colors, as indicated by the color bar in the 

middle.  

The AFM image in the left panel in Figure 2.5 displays the morphologies of two distinct 

regions that we separated for clarity by the diagonal dashed line. The image looks similar 

to the SEM images in Figure 2.4 and the difference between regions 1 and 2 is mostly due 

to the heights of the protrusions, which may reflect a characteristic difference between 

single-layer and double-layer dewetting. The protrusions are larger, both laterally and ver-

tically, for region 2, where regions 1 and 2 exhibit roughness values of 3.2 and 3.8 nm, 

respectively. The right panel of Figure 2.5 displays a higher-resolution micrograph of region 

2.  

XPS measurements on a 5 nm thick elemental Mo film after annealing to different temper-

atures start to show Si at 600°C as a result of silicide formation. Interestingly, despite sig-

nificant dewetting and structural changes in the film morphology, XPS spectra exhibit less 

silicon after further annealing at 800°C. Similar behavior has been observed in other stud-

ies, where it was explained as the consequence of the partial sublimation of the silicide 

from the surface 83,84. Based on this, we interpret the drop in the Si signal in our XPS-spectra 

as a result of the accompanying formation of a more Mo-rich silicide, Mo3Si, which is in-

deed expected to be more stable at higher temperatures76. This change in composition 

provides some support to the scenario, suggested above for the difference between re-

gions 1 and 2, in terms of the presence of at least two different silicide compositions. 

We conclude that our 5 nm thick Mo film no longer covers the substrate completely at 

800°C. Compared to Ru layers, Mo layers exhibit a more stable morphology at elevated 
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temperatures. This is due to a stronger interaction with the substrate, as a result of Mo-

silicide formation at the interface. In the last chapter, we will demonstrate why Ru-silicide 

formation cannot provide a similar adhesion between a Ru layer and a Si substrate with a 

native oxide.  

 

2.3 The influence of a molybdenum interlayer on the wetting properties 

of ruthenium thin films 

In this section, we introduce an ultra-thin Mo thin film as an anchoring layer between a Ru 

top layer and the oxidized Si substrate, in an attempt to maintain the benefit of the high 

oxidation resistance of a Ru capping layer up to higher temperatures. 

Mo films with a thickness of 3 nm were deposited on Si(100) substrates with a native oxide, 

which was followed by the deposition of a 3 nm Ru film without breaking the vacuum of 

the sputter deposition chamber. A DC power supply was used for the depositions of both 

materials. Details regarding the sample preparation can be found in the experimental-

methods section of Chapter 1.  After the deposition of the films, thicknesses were con-

firmed by profilometer and AFM measurements. Below, I describe the evolution of the 

bilayer thin film with increasing temperature, as followed by SEM, AFM and XPS. We will 

find that the bilayer displays superior thermal stability when compared with thin films 

consisting of only Mo or only Ru. In addition to this, we observe the formation of flower-

like structures on the surface residing on pyramidal pits that form spontaneously inside 

the substrate, when the bilayer samples are annealed at 700°C. 

Figure 2.6 displays SEM micrographs of the bilayer on Si(100) with a native oxide at various 

annealing stages, where the samples were kept at each temperature for a duration of 60 

minutes. The first image shows the freshly deposited bilayer film that is characterized by a 

fine texture. The XPS spectrum confirmed that the surface is fully covered by Ru, as we 

concluded from the absence of Si or Mo signals. For the as-deposited and annealed sam-

ples, the SEM micrographs display sufficient contrast to distinguish the differently oriented 

grains of a polycrystalline structure of the topmost layer, i.e. the Ru, in the bilayer config-

uration.   

The first AFM image in Fig 2.7 for the as-deposited bilayer film also demonstrates the rel-

atively flat starting structure of the polycrystalline film. We measured an average lateral 

grain diameter of 7.1 nm, see Figure 2.9, and a surface roughness of 0.35 nm, very similar 

to the values that we found for the pure Mo film that we investigated in the previous sec-

tion.  



Chapter 2 

33 
 

The combination of the SEM and AFM micrographs demonstrates that the surface rough-

ness is decreased by annealing up to a temperature of 300°C, which is followed by progres-

sive roughening at the higher annealing temperatures. This goes hand-in-hand with the 

reorganization of the top layer into larger structures that suggest a coarsening of the film 

into larger grains with well-developed grain boundary grooves. This scenario is reminiscent 

of that for the pure Mo film, for which a detailed explanation was given in the previous 

section. However, for the pure Mo film, we observed the initial fine texture and uniform 

morphology to evolve into a more visible and distinctive texture already at 300°C, whereas 

the bilayer starts to show this evolution only above this temperature. This suggests that 

the bilayer film exhibits better stability even at this stage. Figure 2.9 presents the evolution 

of the correlation length and the surface roughness as a function of temperature. The 

roughness initially decreases up to an annealing temperature of 100°C, after which it re-

mains nearly constant up to 300°C, before exhibiting the familiar, progressive roughening, 

that was also suggested by the coarsening in the SEM micrographs. Over this temperature 

range, the correlation length shows a modest increase, which we attribute to the increase 

in grain size.  
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Figure 2.6 SEM images obtained for the Mo + Ru bilayer structure on a Si(100) substrate (with 

native oxide), after annealing at various temperatures. The dimensions of the images are indi-

cated by the yellow scale bars, which are all 100 nm long.   
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Figure 2.7 AFM images for the Mo + Ru bilayer structure on an Si(100) substrate (with native 

oxide), after annealing at various temperatures. All images have dimensions of 1 μm × 1 μm 

and they are all displayed with the same conversion of height variations into colors, as indicated 

by the color bar on the right.  

 

Figure 2.8 Height correlation function of a freshly deposited Mo-Ru bilayer on a Si(100) sub-

strate (with native oxide). The dashed lines represent the corresponding fits for the asymptotic 

and power-law regions where w is the surface roughness (RMS) and x is the correlation length. 

The height correlation values were measured from an AFM image with an RMS roughness of 

0.39±0.06 nm. 
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Figure 2.9 Surface roughness and correlation length for a Mo + Ru bilayer structure on a Si(100) 

substrate (with native oxide) as a function of annealing temperature, obtained from the height-

correlation-function analysis of the AFM images in Figure 2.8. 

 

Apart from the modest evolution of the grain size, the bilayer film preserved its initial 

structure up to 600°C. Significant changes were observed, when the sample was annealed 

at 700°C for an hour. Figure 2.10 displays SEM and cross-sectional SEM images, in which 

we see that the flat surface is interrupted by bright, spiky, circular structures. We refer to 

these structures as ‘nano-flowers’. In its center, each nano-flower contains a square struc-

ture that appears darker, indicating a reduced secondary electron emission from these 

regions. All squares are in the same orientation, which, together with their symmetry, in-

dicates that their origin is directly connected to the lattice structure of the underlying sub-

strate. We will come back to this point later. 

Additionally, we inspected the sample with AFM. The image in Figure 2.11 demonstrates 

that the nano-flowers have diameters between 0.4 and 1.0 m and that they are protrud-

ing approximately 4 to 8 nm above the rest of the surface. In the AFM-images, the center 

of each nano-flower is on average somewhat higher (order of magnitude 1 nm) than the 

rest of the flower). Interestingly, the AFM-images show no square structure in the middle 

of each nano-flower, which would be the equivalent of the dark square that each nano-

flower has in the SEM micrographs. This means that these squares in the SEM images are 

not a topographical surface feature and suggest that they reside below the surface. Indeed, 

whereas the AFM tip only probes the very surface, the SEM’s electron beam penetrates 

several nanometers deep into the sample and the secondary electron emission image orig-

inates within the bilayer film and even deeper, i.e. inside the substrate.  
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This is why we proceeded to investigate the cross-sectional profiles of the sample with 

SEM. A diamond pen was used to make a scratch on the rear side of the substrate along 

one of the <110> crystal directions and modest pressure was applied to break the sample. 

This enabled us to take a side view of the sample, simply by using the SEM to image the 

cleavage plane, perpendicular to the surface. Examples of such cross-sectional SEM images 

are shown in the bottom two panels of Figure 2.10. These reveal that each square structure 

is actually the base of an inverse pyramidal pit inside the substrate. The silicon atoms that 

originally were inside these regions, must have migrated out of there. To our surprise, all 

flower structures, including those that were intersected by the cleavage plane, survived 

the breaking, even though these are nanometer thin, freestanding structures, which testi-

fies to their mechanical strength. 

 

Figure 2.10 SEM micrographs of the Mo + Ru bilayer structure on a Si(100)  substrate (with 

native oxide) after annealing at 700°C for an hour. The upper and lower panels show regular 

and cross-sectional SEM images, respectively. The dimensions of the images are indicated by 

yellow scale bars. 
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A schematic impression of the structure of these flowers can be found in Figure 2.12. We 

already mentioned the strong interaction between Mo and Si atoms. Even though the bi-

layer was deposited on a native oxide of silicon, in order to prevent silicide formation, the 

thickness of the oxide was only around 1.5 nm and the high temperature appears to have 

provided sufficient atomic mobility for atoms to cross this ultrathin barrier. The cross-sec-

tional SEM images indicate that silicon atoms are the dominating diffusing species, result-

ing in the transformation of the Mo and possibly also the Ru film into a silicide. The obser-

vation that this transformation did not take place uniformly over the entire surface, indi-

cates that the transport of Si atoms from the substrate to the metal bilayer must have taken 

place via a limited number of defects in the native oxide, which could either be pre-existing 

defects or defects that were induced by the stress that resulted during the annealing from 

the large difference in the coefficient of thermal expansion between SiO2 and Mo. The local 

‘supply’ of Si atoms originating from these defects at the oxide-metal interface, would then 

naturally explain the circular shapes of the nano-flowers, compound formation then pro-

ceeding in the form of radially expanding reaction fronts, each one starting independently 

at the defect site in the center of a circle. This scenario explains the overall circular shapes 

of the nanoflowers, but not their internal spike-like patterns. A few extra words are in place 

on the shape of the inverse pyramidal craters. We have measured the angles of the side 

walls of these structures to be consistent with the angle of 54.7° of the {111) lattice planes 

of the Si crystal with respect to the (100) surface plane. The {111} surfaces are the lowest-

free-energy surfaces of Si85–87, making the inverse pyramids the lowest-free-energy pits in 

a Si(100) surface. Indeed, inverse pyramidal craters are well-known etching structures in 

Si(100).  

By combining the regular and cross-sectional SEM micrographs with the two-dimensional 

AFM height profiles, we discovered that the volume of the nano-flowers is in agreement 

with the volume of the underlying inverse pyramidal pits, with an error margin of only 2%. 

In this calculation, we assumed that the compound formed is MoSi2, which seems most 

appropriate, given the annealing temperature. The other molybdenum silicide com-

pounds, in particular Mo3Si, would be expected to form only at higher temperatures of at 

least 1000°C76. The volume match of the pyramids and the nano-flowers provides addi-

tional confidence that the missing silicon ended up in the flowers as MoSi2 and no material 

sublimed from the sample at 700°C. The densities of the materials that were used for this 

calculation and the other compounds that may potentially form are presented in Table 2.1. 
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Figure 2.11 AFM image of the surface of the bilayer thin film after annealing at 700°C for an 

hour. The AFM image reveals a pattern of partly overlapping nano-flowers. The bottom figure 

shows the height profile corresponding to the white line in the upper panel, across two neigh-

boring nano-flowers. Blue dots on the white line correspond to the borders of the nano-flowers 

that are indicated as vertical dashed lines in the height profile. 
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Figure 2.12 Schematic illustration of the structure of a nano-flower in combination with the 

underlying inverse pyramidal pit, formed after annealing at 700°C of a Mo + Ru bilayer on 

Si(100) (with native oxide). 

 

Figure 2.13 Two images of nano-flowers obtained by annealing the bilayer at 700°C. The left 

panel shows an SEM image of a nano-flower at a sample tilt angle of 30°. The AFM image on 

the right emphasizes the spikey nature of the nano-flower. The dimensions of the SEM image 

are indicated by the scale bar.  The AFM image has a dimension of 1 μm × 1 μm and the color 

bar on the right indicates the conversion to heights. 
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Material Density (g/cm3) 

Mo 10.28 

Ru 12.45 

Si 2.33 

MoO3 4.69 

MoO2 6.47 

RuO2 6.97 

SiO2 2.65 

SiO 2.13 

MoSi2 6.26 

Ru2Si3 6.96 

Table 2.1 Densities of possible materials to be considered as potential compounds resulting 

from the annealing of the Mo + Ru bilayer on the silicon substrate (with native oxide). 

 

Figure 2.14 shows the surface composition of the Mo + Ru bilayer sample on the Si(100) 

substrate, measured by XPS. Only modest changes in surface composition are seen up to 

600°C. From room temperature up to 600°C, the XPS spectra indicate the surface to consist 

of nearly pure Ru with a very low and slowly rising fraction of Mo. This modest increase 

might not even have to be due to the migration of Mo through Ru, but it could even reflect 

the effect of the grain boundary grooving of the Ru overlayer. When the temperature is 

further raised to 700°C, the XPS spectra reveal a significant amount of Si, which is enriched 

at the surface at that temperature to as much as 19%. Also, the surface concentration of 

Mo has increased at that temperature, to 12%, while that of Ru has dropped to 69%. From 

the XPS spectra, it is difficult to conclude whether or not Ru is still fully covering the surface 

at 700°C, but, in combination with our earlier observation that the missing Si from the 

pyramidal pits formed part of the nano-flowers, it is now safe to conclude that these struc-

tures consist of at least Mo and Si and, possibly, Ru. MoSi2 is known to form within the 

temperature range of 520-800°C, which would be consistent with the volume considera-

tion, discussed above. The reduced Ru signal could indicate that at least part of the Ru 

overlayer has engaged in a ternary compound with the Si and Mo.  
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Figure 2.14  XPS-measurements of the surface composition of the Mo + Ru bilayer on Si(100) 

substrate as a function of annealing temperature, at which the samples were kept each time 

for 60 minutes. Grey, blue and orange symbols represent Ru, Mo and Si, respectively.   

 

Additional annealing at 750°C was found to lead to almost complete nano-flower coverage 

of the surface, as shown in Figure 2.15. The SEM images still show inverse pyramidal pits 

beneath the nano-flowers, while the AFM topography images demonstrate that the nano-

flower heights and the internal height variations due to the spiky shapes remain very sim-

ilar to those at 700°C. The shapes of many of the nano-flowers deviate from circular at the 

highest temperature, due to the nearly complete filling of the surface with these struc-

tures.     
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Figure 2.15 The Mo + Ru bilayer on Si(100) after annealing at 750°C for an hour. The upper and 

lower panels show SEM and AFM images, respectively. The two AFM images are displayed with 

the same conversion of height variations into colors, indicated by the color bar. The dimensions 

of the images are indicated by scale bars. 

 

We further increased the annealing temperature to 800°C. Figure 2.16 presents SEM and 

AFM images after annealing at this temperature for one hour. After this treatment, the 

surface is fully covered by nano-flowers. Their shapes are drastically distorted by their co-

alescence into a tightly packed network,  making it increasingly difficult to distinguish the 

individual structures. In addition, even though the craters can still be observed, most of 

them are severely distorted and no longer show a square basis. The AFM images also show 

the strong deviation of the nano-flowers from well-defined, circular shapes, but the height 

profiles exhibit nearly the same height variations as at lower temperatures, originating 

from the spike-like patterns. This indicates that at this temperature, the nano-flowers re-

tain the character that we already recognized at 700°C, but that their areal density is simply 

higher. 
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Figure 2.16 SEM (upper) and AFM (lower) images of the Mo + Ru bilayer on Si(100) after an-

nealing at 800°C. The dimensions of the images are indicated by scale bars and the color bar 

indicates the height variations in the two AFM images. 
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Figure 2.17 SEM images of the Mo + Ru bilayer on the silicon substrate after annealing for 1 

hour at 900°C. The dimensions of the images are indicated by yellow scale bars. The dense nano-

flower pattern is interrupted by holes, both inside and outside the nano-flower clusters. The 

excessive surface roughness made it nearly impossible to image the surface with AFM. 

 

Finally, only when we annealed the bilayer sample at 900°C, did we observe the first signs 

of degradation, as illustrated by the SEM images in Figure 2.17. At this temperature, the 

surface became excessively rough, which made it impossible for us to complement the 

SEM images with meaningful AFM observations. In Figure 2.17, we recognize that the 

nano-flowers, or what is left of them, seem to form clusters, separated by relatively deep 

grooves. In addition, we observe holes in the film, both inside the nano-flowers (bottom 

left panel) and between them. This appearance of holes and the increased height differ-

ences are indicative of the first stages of dewetting at this temperature.   

2.4 Conclusion 

In this chapter, we explored the microstructure and thermal evolution of ultrathin films of 

elemental Mo and Ru as well as bilayers, Ru top on Mo, deposited on Si(100) substrates 

with a native oxide. DC sputter deposition provides a very flat initial surface (roughness 
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below 0.4 nm) with fine polycrystalline texture for all the as-deposited films. The primary 

purpose of this study was to follow the natural process of dewetting of a Ru layer on Si 

and to investigate whether an intermediate Mo layer affects this behavior. Dewetting is 

the inevitable fate for a thin film that has a higher surface free energy than the substrate. 

Unfortunately, almost all metals have a higher surface free energy than Si or SiO2, so that 

most metal-on-silicon combinations are expected to undergo dewetting. In our experi-

ments, films of 5 nm thick Ru started to develop holes at 600°C. On the other hand, Mo 

thin films were found to exhibit higher thermal stability and only dewet at 800°C, adopting 

a labyrinth morphology. For some applications, the optical properties and oxidation re-

sistance of Ru would be desirable in combination with the higher thermal stability of Mo. 

This motivated us to introduce a Mo interlayer between a Ru top layer and a Si(100) sub-

strate with a native oxide. Our expectations were based on two main arguments. First, the 

surface free energies of Mo and Ru are nearly the same. Since the two metals also interact 

well with each other, we may expect the tendency for each of them to dewet the other to 

be rather weak. Second, the good adhesion of Mo to Si, via the formation of an interfacial 

silicide makes the Mo-Si interface more robust against dewetting than Ru-Si. In combina-

tion, these elements suggest that a bilayer with a thin Ru layer on top of a thin Mo layer 

that is in direct contact with the (oxidized) Si substrate would combine the desired surface 

properties of Ru with improved thermal stability against dewetting. 

Our results seem to support this hypothesis. The SEM and AFM observations demonstrate 

that the bilayer behaves differently from single layers of either Mo or Ru. Only at the high-

est annealing temperature of 900°C, did the bilayers exhibit the first signs of dewetting, 

whereas single Ru films and single Mo films of the same total thickness exhibit full 

dewetting on the same substrate already at lower temperatures, between 700°C and 

800°C. 

In addition to this, we observed that 5 nm thick Mo thin films develop a special morphol-

ogy with circular structures at temperatures as low as 600°C. By combining SEM, AFM, and 

XPS, we identified these structures as regions that were converted into molybdenum sili-

cide. The silicide formation, possibly even involving two different silicide compositions, 

seems to play a decisive role in the dewetting behavior at 800°C, which seems to show 

two distinct dewetting levels, a configuration that we refer to as double-layer dewetting.  

In spite of the improved thermal stability against dewetting, also the metallic bilayer shows 

special behavior at high temperatures, in the form of the appearance of flower-like struc-

tures at and above 700°C, which we refer to as nano-flowers. Further inspection revealed 

that each nano-flower is a free-standing structure that spans over an inverse pyramidal 

crater in the Si(100) substrate, a well-defined etch pit with {111} faces. The Si missing from 

these craters was found to be accounted for by the volume of the nano-flowers, which is 
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consistent with a scenario in which Si is incorporated into the nano-flowers through the 

formation of either MoSi2 or a silicide containing both Mo and Ru. 
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Chapter 3 

GLASSES AND METALLIC GLASSES 
 

What is the nature of the transition between a fluid or regular solid and a glassy phase? 

"The deepest and most interesting unsolved problem in solid-state theory is probably the 

theory of the nature of glass and the glass transition.                                                                                          

 P. W. Anderson 

Thin metallic films are of great importance in a wide variety of practical applications, for 

example requiring excellent electrical conductivity, high emissivity for infrared radiation, 

optical transparency, high magnetization or enhanced fracture resistance. In some of 

these applications, such films degrade by natural processes, which can be aggravated un-

der operation conditions. For example, at high temperatures, a metal layer may dewet the 

substrate on which it resides, i.e. it breaks up into separate metal islands. Energetically, 

this process is driven by the differences in free energies between the surface and the sub-

strate, that of the metal film and that of the interface between the two, while there can 

also be a role played by mechanical stress in the film. These free energy differences be-

come relevant once the film has locally become so thin that its surface ‘meets’ the sub-

strate. This may seem an extraordinary configuration, but we believe that such configura-

tions occur abundantly due to the polycrystalline structure of most metal films. This poly-

crystallinity introduces grain boundaries that can act as the natural starting points for film 

break-up and dewetting. If this is indeed the case, amorphous films might provide an ad-

vantageous alternative. Even though they don’t remove the 

primary, energetic driving force for dewetting, they may improve the metastability of the 

film significantly through the absence of these natural starting points. Unfortunately, pure 

metals usually cannot be made amorphous in practice. The combination of atomic-scale 

mobilities and the energetic gain involved in crystallization almost invariably leads to struc-

tures that consist of crystalline grains, at ‘best’ small grains in the nanometer regime, al-

beit these actually introduce even more grain boundaries. One might think that the tran-

sition from polycrystalline to amorphous is gradual, but from the viewpoint of the grain-
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boundary density, it is not! In order to appreciate the results in the rest of the thesis, it is 

important to familiarize oneself with the current level of understanding of the thermody-

namics and evolution of amorphous and polycrystalline metal alloys. This is why this chap-

ter provides an introductory overview of this rich field of research. 
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3.1 Introduction 

Polycrystalline thin films consist of grains with different crystal orientations and therefore 

contain interfaces between these crystallites, known as grain boundaries. Grain bounda-

ries are classified as 2D defects in a crystal lattice and they modify many properties, such 

as mechanical, chemical, electrical and thermal. For example, grain boundaries are the 

weakest parts in the strong structure of a crystal and they have a strong influence on yield 

strength. They are also preferred channels for atoms to go in and out of the material, as is 

essential for corrosion and oxidation88 and effectively makes the film more reactive. At the 

same time, these planar defects decrease thermal and electrical conductivity. In Chapter 

2, I already discussed the evolution of grain boundaries as a function of temperature. The 

results showed that thin films of elemental Mo and Ru exhibit grain boundary grooving, 

which causes the local thinning of the films and eventually hole formation. Depending on 

the balance between surface and free energies, this can make the film dewet on the un-

derlying substrate, by breaking up into separate islands and leaving part of the substrate 

uncovered. In Chapter 2, we explored the possibility to suppress the dewetting of Ru thin 

films by adding an interlayer of Mo. However, this merely postpones the problem of 

dewetting to somewhat higher temperatures.  

Our observations and those in the literature24,89 strongly suggest that further suppression 

or even ‘full’ prevention of dewetting might be possible with films that have no grain 

boundaries at all and are completely free of crystalline defects. We can imagine two ex-

treme configurations that meet these conditions. One is that of a perfect single-crystal 

thin film, i.e. a film in which the lattice is perfectly repeated over macroscopic distances, 

without local or extended defects. The alternative configuration that has no grain bound-

aries is that of a perfectly amorphous thin film. 

Let us start by considering the first configuration. As I mentioned already, metals have a 

strong tendency to crystallize, which is why most metallic films are (poly)-crystalline. The 

step to a perfect single crystal may seem trivial, but, in practice, no method exists by which 

a thin metal film that is truly single-crystalline over macroscopic distances can be depos-

ited on a typical substrate. Only in the special case that the film grows perfectly epitaxially 

on the substrate and that this substrate is perfectly single-crystalline itself, can one reach 

the desired perfection in the film, but this special case should be regarded as too restric-

tive for most applications. We could apply a variety of methods to increase the average 

grain size of a polycrystalline metallic thin film, which would decrease the density of the 

grain boundaries and triple points. However, this would be a far cry from the ultimate 
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solution and, at best, only ‘postpone’ the problems to higher temperatures or longer 

times. 

 

Figure 3.1 The upper panel shows a measured STM height profile of a thin, polycrystalline metal 

film. Red arrows are indicating the hypothetical crystal orientations of differently oriented 

grains, while the vertical lines indicate the locations of the grain boundaries where the grains 

are joined. Note that each grain boundary is accompanied by a cusp in the surface profile, the 

grain-boundary groove. The middle and lower panels show a schematic illustration of a single-

crystalline and an amorphous thin film, respectively. The polycrystalline film exhibits surface 

roughness caused by the differently oriented grains, whereas the single-crystalline and the 

amorphous thin films lack grain boundaries, which decreases the surface roughness signifi-

cantly for these films. Image reproduced from ref 22. 

 

The second solution is that of a truly amorphous metallic thin film. Here, we are con-

fronted with the strong, natural tendency of metals to order on the microscopic scale into 

crystallites. The accompanying increase in packing density provides a significant driving 

force for crystallization, while the energy barriers for atomic-scale rearrangements to-

wards local crystalline arrangements are particularly low for metals. As a consequence, it 

is close to impossible to avoid crystallization either during or after the deposition of ele-

mental metal films and these films are usually polycrystalline. This is certainly the case for 

the metals of interest to this PhD thesis, namely Mo and Ru. As suggested by Motorin90 in 

1983, it might be possible to cast elemental metals into an amorphous structure by 

quenching them from the melt with a tremendous cooling rate of at least 1012-1013 K/s. 
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More recent experiments demonstrate that nanometer-size ‘particles’ of elemental met-

als that would normally crystallize in the body-centered structure can be produced as me-

tallic glass under extreme conditions that correspond to an ultra-fast cooling rate of 

1014 K/s 91. The extreme process conditions make this approach unpractical, as does the 

particle size limitation. In addition, as explained above, one may expect these elemental, 

amorphous particles to be extremely prone to crystallization, which should strongly un-

dermine the stability of their amorphous structure. 

In spite of the difficulties, mentioned here, which seem to preclude the application of thin, 

amorphous metal films, there is a practical approach to producing such films and these 

films can have surprisingly good stability against degradation, e.g. crystallization. The key 

element in this is to step away from elemental metals and work with alloys: mixtures of 

two or more metals (and possibly other atom species). The ‘recipe’ is to mix two or more 

metal elements in the liquid or vapor phase, followed by rapid cooling to avoid segregation 

and crystallization. For the mixture, the crystalline configuration may still be energetically 

preferred. But this preference is reduced with respect to that of elemental solids because 

of the contribution of the mixing entropy of the alloy to the free energy. Hindering crys-

tallization is that, for many compositions, crystallization is only possible in combination 

with segregation, leading to ensembles of crystalline grains, each enriched in one of the 

constituting atom species. In addition, the size difference between the atom species may 

frustrate the internal mobilities and, hence, slow down the diffusion that is required for 

crystallization significantly. And this should be seen in combination with longer diffusion 

trajectories that are required with respect to the crystallization of elemental metals be-

cause most crystalline alloy structures contain ordered sub-lattices of their elemental con-

stituents and thus require more significant rearrangements and the segregated grains re-

quire even larger diffusion lengths. 

3.2 Amorphous Solid 

Traditionally, we classify atomic and molecular matter into three aggregation states or 

phases: (crystalline) solid, liquid and gas. Thermodynamically, the amorphous configura-

tion does not represent a genuine phase. Nevertheless, it is instructive to regard it in the 

context of the three thermodynamic phases, as it obviously shares characteristics both 

with the solid phase and with the liquid phase  

The classical aggregation states or phases of matter distinguish themselves from each 

other by the spatial arrangements of the atoms, which is accompanied by major differ-

ences in atomic mobilities. In the gas phase, the atomic density is low, atoms are in com-

pletely random positions and they exhibit ballistic motion. This behavior is extremely dif-

ferent for a crystalline solid, where the atoms are arranged in an ordered pattern with 
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long-range periodicity at a high packing density, while the diffusion coefficient is minimal. 

The liquid is in between. It has a relatively high density, but the structure has only short-

range order and the atoms have high mobility. Often, glasses or amorphous solids are re-

ferred to as a separate (non-classical) state of matter. Even though this is strictly speaking 

incorrect and these solids would lower their free energies by crystallization, possibly in-

volving segregation, they can have extreme lifetimes and thus be of genuine, practical use. 

The word “amorphous” originates from classic Greek and means “without shape”. In our 

context of condensed matter physics, it refers to a non-crystalline solid, without the long-

range periodicity of a crystal. When the temperature is far enough below the melting 

point, the viscosity can become so high that the material no longer flows and behaves as 

a solid, even though it lacks the long-range order of a crystalline solid and its structure is 

closer to that of a liquid. This transition, between the undercooled liquid and the glass 

configuration and vice versa, is referred to as the “glass transition”92. This transition is not 

a first-order phase transition in the Ehrenfest classification, and it is considered a second-

order kinetic transition, governed by viscosity. This solid-like situation is often referred to 

as if it were a thermodynamic phase, for example with words such as “the glass state”. In 

the remainder of this chapter and the rest of this thesis, I will conform myself to this jargon 

and adopt the same, strictly incorrect wording. In practice, the glassy structure can be 

reached from the liquid phase, if the liquid is cooled down rapidly enough to quench flow 

and diffusion more or less completely and thus avoid crystallization. For this, the temper-

ature should be low enough to make the viscosity sufficiently high. Despite the fact that it 

possesses a liquid-like atomic configuration, its high, solid-like viscosity, makes that glass 

perceived as and referred to as a solid. In spite of the absence of long-range order, glasses 

may possess a high degree of short-range order with a preference for arranging into local 

atomic polyhedra93. 

 

Figure 3.2 Schematic illustration of the atomic structures in single-crystalline, polycrystalline 

and amorphous materials. The single crystal is characterized by long-range order, while the 

polycrystalline solid exhibits crystalline order up to the length scale of individual grains. The 

amorphous structure presents a liquid-like, random atomic stacking.  
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Conventional and most common glasses are oxides, often derivatives of silica. For these 

glasses, the continuous random network can be formed by various types of bonds, e.g. 

ionic or covalent, much the same as the corresponding, regular network of crystalline sol-

ids. The special bonding character of metals91, typically makes metallic glasses less stable 

with respect to crystallization than the oxides. 

There is a persistent misconception that there would be no difference between glasses 

and amorphous materials. The case of silicon helps us to illustrate the difference. As 

pointed out by Poate et al.94, the regular and random networks of crystalline and amor-

phous silicon are both based on tetrahedral, covalent bonding, with the silicon atoms be-

ing four-fold coordinated. By contrast, both liquid and glassy silicon have a higher atomic 

density and exhibit metallic bonding geometries, in which the silicon atoms are eight- to 

twelve-fold coordinated94–96. The glassy form is close to a quenched liquid and is very dif-

ferent in structure, density and electronic properties from the amorphous form. 

Gupta described glasses and amorphous solids as two different classes from the perspec-

tive of thermodynamics97. He highlighted differences in structure and in behavior upon 

heating. The free energy of the glassy form is higher than that of its liquid counterpart at 

any temperature, but at the glass transition temperature, its free-energy-versus-temper-

ature curve runs tangential to the corresponding curve of the liquid. The amorphous solid 

situation is different, and its free energy curve may go below the liquid curve at low tem-

peratures. Gupta points out that a glass and a liquid exhibit similar short-range order, 

whereas the amorphous solid is distinctly different.  

3.3 Formation of a glassy structure 

From a conceptual point of view, metallic glasses are completely equivalent to glasses 

made of ceramics, oxides or polymers, as they can all be viewed as-quenched liquids. How-

ever, from a practical perspective, there is a serious difference, since the formation of a 

metallic glass from its melt requires significantly higher quenching rates of typically 1014 

K/s91.  When a liquid is cooled down, all its properties, such as free energy, specific heat, 

viscosity and density are progressively changing. Figure 3.3 is separated into three differ-

ent temperature regimes to explain the evolution of these properties. In regime (A), the 

material is liquid. Regime (B) is that of the undercooled liquid or super-cooled melt. In 

regime (C), the material is in the fully ‘solid’ phase. In this regime, the viscosity is so high 

and the diffusion rate is so low, that the structure is effectively frozen in, even when it is 

not at the lowest possible free energy. Regimes (A) and (B) are joined at the melting tem-

perature (Tm) and in the case of an alloy, this boundary is determined by the freezing tem-

perature (Tf). This reflects that for alloys, crystallization in regime B is often accompanied 

by segregation. In practice, this leads to the behavior that the freezing does not take place 



Glasses and metallic glasses 

 

56 
 

at a single temperature, but over a temperature range, commencing at Tf. Such a freezing 

temperature range is observed for most alloys but not for pure metals. For simplicity, a 

freezing range is not shown in Figure 3.3. Regimes (B) and (C) are separated by what is 

referred to as the glass-transition temperature (Tg). In fact, the transition occurs over a 

range of temperatures, which can be surprisingly narrow, over which the viscosity changes 

significantly, thus changing the behavior of the material from that of a viscous liquid, 

above this temperature range, to behavior that has many of the characteristics of a solid, 

below, even though the internal organization of the material is hardly changing over this 

temperature range.  

In order to bring material into the glass state, the cooling rate should be high enough to 

prevent nucleation of crystallites, while traversing regime (B). The driving force for crys-

tallization is proportional to the amount of undercooling in regime B.  

Figure 3.3.a shows how the volume per unit mass evolves as a function of temperature. In 

temperature regime A, the specific volume of the liquid decreases continuously with de-

creasing temperature down to Tm. Starting at high temperatures, we recognize that the 

expansion coefficient of the liquid is significantly higher than that of the crystal. The ‘nor-

mal’ situation is that at the freezing temperature, there is a sharp drop in the specific vol-

ume as the liquid crystallizes, which is followed, as cooling is continued below Tm, by a 

further decrease in volume, typically at a lower pace than for the liquid. If crystallization is 

avoided and the liquid is undercooled below Tm, the specific volume follows a completely 

different curve in region B, which is a continuation of the curve for the liquid in region A.  

Figure 3.3.c shows how the free energy per mole, G, varies in this process. As the temper-

ature of the liquid is lowered in temperature regime A, the free energy increases. Close to 

Tm, this variation can be approximated as linear, simply due to the reduction of the en-

tropic contribution to the free energy with decreasing temperature. Tm is the temperature 

at which the curves for the liquid and the crystalline solid intersect. As a result, in region 

B, the lower-free-energy choice is for the solid and a first-order phase transition is associ-

ated with Tm. If, however, the transition is avoided, the system stays on the upper free-

energy curve in region B and the liquid is supercooled. In a sense, region B should be re-

garded as the ‘unsafe’ temperature regime for this undercooled situation. As soon as the 

system finds a way to nucleate a small crystallite, the mobilities are sufficiently high to 

transform the melt into a crystalline solid. The latent heat of solidification that is released 

in this process, provides additional assistance for this process. If, however, the cooling rate 

is high enough for the system to traverse temperature region B completely without such 

nucleation, the configuration of the undercooled liquid is frozen in. This is caused by the 

strong temperature dependence of the viscosity of the (undercooled) liquid, which be-

comes so high when this liquid approaches Tg, that apart from vibrations, atomic motion 
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effectively stops (note that the viscosity in Figure 3.3.b is displayed on a logarithmic scale). 

Flow and diffusion then take place on prohibitively long timescales so that they can be 

ignored from a practical perspective. In this way, the liquid-like configuration demon-

strates a long lifetime, which makes the medium behave as if it were in a thermodynami-

cally stable, rigid, i.e. solid phase. At which temperature precisely the configuration can be 

considered as frozen in, depends on the cooling rate at which region B is traversed. Faster 

cooling results in a higher effective temperature at which the last atomic-scale rearrange-

ments take place, than slower cooling. The glass transition is not a thermodynamic phase 

transition and the associated transition temperature is not sharply defined; it depends on 

the cooling rate. Below the glass transition, in region C of the temperature scale, the subtle 

internal relaxations that would take place in the supercooled liquid, if it had enough 

atomic-scale mobility for such rearrangements, would make the hypothetical free-energy 

curve continue along the metastable path, indicated by “ideal glass” in Figure 3.3.c. How-

ever, the nearly complete absence of such relaxations in the glass, forces the free energy 

to actually evolve along a higher path. The sequence, described here, is also reflected in 

the variation of the specific volume of the material. Whereas the ideal glass would con-

tinue to shrink strongly down to the lowest temperatures, the absence of internal rear-

rangements (see above) below the glass transition reduces the expansion coefficient of 

the real glass to a modest value, similar to that of the crystalline solid. The dependence of 

the effective transition temperature on the cooling rate therefore also makes the density 

of the resulting glass vary with that cooling rate, a higher rate leading to a lower density 

of the glass, as has been described in detail for Pd40Cu30Ni10P20 metallic glasses by  Hu et 

al.98.  
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Figure 3.3 Evolution of several physical properties from liquid to crystal or glass as a function of 

temperature. (a) Specific volume, (b) viscosity, (c) free energy. Whereas the transition temper-

ature Tm between the crystal (region B) and the liquid (region A) is well defined, the glass tran-

sition temperature Tg that separates regions C and B is not sharply defined and depends on the 

cooling rate at which region B is traversed. The rate of cooling also determines the final atomic 

structure99. Figure adapted from ref. 99. 
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3.4 First metallic glasses 

Amorphous metallic alloys of silver and copper were reported for the first time in a study 

in 1960 by P. Duwez et al100. X-ray diffraction scans from the alloys showed no sharp peaks, 

as one usually obtains from crystalline phases. Instead, a broad ‘halo’ was observed, which 

is since then regarded as the diffraction signature of a liquid-like structure. In the same 

year, Klement et al. from the same group reported another amorphous alloy, AuSi, ob-

tained by quenching from the liquid phase101. Both studies demonstrated that avoiding 

the nucleation and growth of the crystalline phase can be achieved in metal alloys. Since 

then, many other metallic glasses have been obtained. These discoveries involved further 

pioneers in this field of metallurgy and materials science, such as H.S. Chen and D. Turn-

bull102. They pointed out the resemblance, especially for the changes in specific heat and 

viscosity at the glass transition temperature of metallic glasses (MGs) to non-metallic 

glasses, such as silicates, ceramic glasses and polymers. 

In spite of this interesting development, these first-generation MGs came with severe lim-

itations, such as the maximum object sizes that could be cooled into the glass form, that 

were in the order of mere micrometers, and the required high quenching rates, that were 

still in the order of 105–106 K/s. Note, that the maximum cooling rate that is achieved in 

practice, is limited by the surface-to-volume ratio. As a consequence of these limitations, 

the MGs were initially produced only in small batches and in geometries with a very high 

surface-to-volume ratio, such as thin ribbons, thin wires, and thin films. 

 All these developments in MGs paved the way for the first bulk metallic glass (BMG). The 

term BMG is used for MGs that can also be obtained in geometries with less extreme sur-

face-to-volume ratios. A BMG usually contains three or more elements and requires a 

lower cooling rate, so that it can be produced in much thicker forms. Consequently, in 

contrast to the traditional MGs, BMGs remove the restriction on the surface-to-volume 

ratio and do not require special shapes, such as thin ribbons and thin wires. We should 

note that there is no sharp distinction between BMGs and MGs, the difference being 

mostly associated with the practically achievable length scale rather than with truly phys-

ical properties. The first BMG was achieved with a Pd-Cu-Si alloy103, of which a millimeter-

diameter, glass rod could be obtained at a relatively low cooling rate of 103 K/s. Other 

BMGs followed with even larger thicknesses, such as amorphous Pd-Ni-P104,105. 

Pd40Cu30Ni10P20 can be made at the largest cylinder diameter, known to date, of 7.2 cm106, 

which is in strong correlation with the glass-forming-ability, a concept that will be intro-

duced later. The sizes at which metallic glasses can be formed are still significantly below 

those for non-metallic glasses. Progress in the development of MGs and BMGs gradually 

led to increased interest in amorphous metallic alloys and their potential applications. 
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In view of its relevance to potential applications, part of the research on MGs aims for the 

deposition of thin films of these materials. Early work on thin-film metallic glasses (TFMGs) 

only focused on immiscible binary systems, which cannot be produced by conventional 

methods to obtain MGs and BMGs. Leamy and Dirks succeeded in the co-electron-beam 

deposition of several rare-earth and transition-metal metallic glasses107. Other physical 

vapor deposition methods followed. Rivory and Frigerio used sputter deposition from an 

alloy target to grow thin, amorphous Cu-Zr films108. Chu et al. reviewed the early TFMG 

systems and their properties in detail109. In a later stage, it was found that sputter deposi-

tion can be used to achieve concentrations of elements in an amorphous alloy beyond the 

regular bulk solubility limits and that the resulting alloy can have a higher glass-forming 

ability (GFA)110–112. The glass-forming ability of a material is a qualitative indication of its 

metastability as a supercooled liquid and of the ease with which it can be made to traverse 

region B from Tm to Tg in Figure 3.3 and arrive in the glassy ‘phase’, without the nucleation 

of crystallites. A quantitative parameter that is connected to the GFA is the minimal or 

critical cooling rate (Rc), with which the liquid or vapor has to be cooled to achieve this. 

The cooling that one should associate with the atom-by-atom (sputter)-deposition of thin 

films proceeds at the maximum possible rate, due to the extreme surface-to-volume ratio 

for each individual atom that arrives at the surface of the growing film. The use of sputter 

deposition not only increases the number of combinations of elements that can form a 

glassy structure, but also widens the ranges of composition over which the alloys can be 

made to form an MG. 

Obviously, Rc depends very strongly on the width of region B, which is at the basis of the 

so-called Turnbull criterion that crystallization of the supercooled melt can be avoided 

when the reduced glass transition temperature Trg is above a certain value. 

T𝑟𝑔 ≡
T𝑔

T𝑚 
  >  2/3     (3.1) 

This rule of thumb is also known as the 2/3 law113,114. This criterion has been useful in the 

search for many MGs and BMGs. In addition to Turnbull`s rule, other criteria have been 

proposed to predict the GFA of metallic glasses115–119. Inoue et al. show the relation be-

tween the glass transition temperature and the onset crystallization temperature (Tx)120, 

which is the heating-rate dependent temperature at which crystallization starts when the 

MG is warmed up (See Sect 3.10). ΔT = Tx – Tg, can be regarded as a practical temperature 

process window for the supercooled melt. These studies were followed by empirical rules 

for the achievement of a high GFA, proposed by Inoue121 and Johnson114;  
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1) Multicomponent alloy systems work best and should preferably contain three or 

more elements. 

2) Differences in the atomic sizes of the constituting elements noticeably contribute 

to the GFA when they are 12% or larger. 

3) The alloy should have a strong preference to remain atomically mixed, which 

means that the enthalpy of mixing of the elements in the alloy should be negative. 

4) The system should exhibit a relatively low eutectic temperature in order to satisfy 

Turnbull’s criterion for Trg. 

Greer refers to the three-or-more-element concept of the first of these rules as “confusion 

by design”122 and states that including more elements in the alloy enhances the GFA by 

reducing the stochastic probability for viable crystal structures to form spontaneously 

within the supercooled liquid. The large number of configurations that can be adopted 

locally within the melt simply outnumbers the few configurations that could serve as crys-

talline nuclei. This entropic advantage not only reduces the free-energy advantage of the 

crystalline phase but also greatly suppresses the nucleation rate of the crystal from the 

supercooled melt. Inoue and Takeuchi add a further aspect to this explanation, which is 

an additional stabilization of the supercooled liquid by the formation of non-trivial amor-

phous configurations with higher packing densities123,124. The second criterion is largely 

originating from the frustration of the atomic-scale motion deriving from the size differ-

ences. In addition, large differences in size also reduce the energetic preference for solid 

solutions of atoms from the alloy into the regular lattices of individual constituents, thus 

severely restricting the solubility limits. This frustrates the crystal lattices that could form 

and reduces the free-energy disadvantage of the glassy state114.  

The third rule is the basic thermodynamic requirement that the combination of elements 

lowers its free energy by mixing uniformly. In the case of positive enthalpy, the mixture 

would tend to phase separate, which would work against glass formation. We will address 

the fourth criterion in the next section.    

Finally, there are some exceptions to the above, empirical rules. Among these are the 

unique GFAs of Al-rare earth metals MGs with Trg < 0.5125  and some binary systems, such 

as Ni-Nb126 and Cu-Zr127.  

3.5 Glass formation and the eutectic point of binary alloys 

Why glass formation seems only possible for metallic alloys of specific compositions still 

remains to be explained. This is related to the last of the four rules of Inoue and by John-

son, namely that the system should have a deep eutectic, i.e. a low eutectic temperature. 

Due to the entropy of mixing, alloys always have melting temperatures below the melting 
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points of the separate components in the alloy128. The eutectic temperature is the lowest 

melting temperature that can be achieved as a function of the precise composition of the 

mixture, see Figure 3.4. The eutectic point in this binary phase diagram is defined by the 

combination of the eutectic temperature and the corresponding eutectic composition.   

 

Figure 3.4  Binary phase diagram for hypothetical alloys of elements A and B, illustrating the 

various phases and combinations of phases, as well as the eutectic composition, eutectic tem-

perature and the eutectic point. At higher temperatures, the alloy is in the liquid phase (L) and 

all compositions are stable. At sufficiently low temperatures only phases α and  are stable. 

These are solid solutions of B-atoms in a crystalline A-matrix and of A-atoms in a crystalline B-

matrix, respectively. In the three regions that show combinations of phases, the system is un-

stable and tends to decompose into the two neighboring stable phases, e.g. all points in the “α 

+ β” region of the diagram should tend to segregate into a fraction of α and a fraction of β. 

Image modified from ref.129. 

 

Cohen and Turnbull were the first to propose a correlation between the eutectic point in 

the binary phase diagram and the composition for which a binary amorphous alloy can be 

obtained most readily130. Their suggestion is strongly supported by a simple kinetic argu-

ment. The eutectic point corresponds to the minimum temperature where the alloy can 

still be stable in a liquid form. Therefore, this is the point in the liquid part of the phase 

diagram that is closest in temperature to the glass transition. In other words, for the eu-

tectic composition, section B in Figure 3.3 is the narrowest, the relative glass transition 

temperature Trg is the highest, and the required critical cooling rate Rc is the lowest. Sev-

eral experimental studies provided evidence in favor of this argument131–133, 
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demonstrating that the glass-forming region in the phase diagram is indeed located at and 

around the eutectic composition, even though alloys are also known that do not satisfy 

this criterion134–137.  

Related and competing with the formation of an MG at or close to the eutectic composi-

tion, is the so-called ‘coupled growth’, where the alloy does not segregate into separate, 

macroscopic α and  grains, but adopts an alternative, symbiotic crystallization route, in 

which a superstructure emerges of simultaneously growing, microscopic α and  regions, 

typically in the form of thin lamellae, as seen in Figure 3.5. This type of structure is referred 

to as a ‘eutectic structure’. The region in the temperature-composition diagram where this 

coupled growth takes place, called the ‘coupled growth zone’, is determined by the com-

petition between the growth speeds of segregated α and  crystallites on the one hand 

and coupled, eutectic structures on the other. Here, we view the simple case of a binary 

mixture, for which this zone is more or less symmetric around the eutectic composition, 

knowing that in some cases, it is strongly skewed, with the coupled structure appearing at 

compositions that differ from the eutectic composition for temperatures sufficiently far 

below the eutectic temperature. Figure 3.6.a shows a typical binary phase diagram for 

eutectic alloys138. 

 

Figure 3.5 Eutectic growth of quenched Al-CuAl2 alloy. Image reproduced from ref. 139.  

Ma et al. investigated the glass-forming ability of Pd-Cu-Ni-P and La-Cu-Ni-Al alloys that 

have symmetric and asymmetric coupled eutectic zones, respectively. They found that, 

whereas the critical cooling rate for glass formation is lowest at the regular, eutectic com-

position of the Pd-Cu-Ni-P alloy, it has its minimal value at an off-eutectic composition for 

the La-Cu-Ni-Al system138,140. 
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To understand the influence of the coupled zone and the eutectic composition on the 

glass-forming ability, we first pay attention to the nucleation and crystal growth in the 

alloy. The eutectic coupled zone determines the growth characteristics, which can lead 

either entirely to α and  crystallites, or entirely to eutectic structures or combinations of 

the two, based on the growth conditions, most importantly temperature and composi-

tion139. Figure 3.6.b illustrates the typical temperature dependences of the growth veloci-

ties of the eutectic structure and separate α and β crystallites, for a composition in the 

coupled zone. At sufficiently high temperatures, growth will be fully eutectic. Figure 3.6.c 

shows how strongly this changes with composition. If we move to an off-eutectic compo-

sition, for example to the right, the temperature at which β-crystallites can form, increases 

strongly and so does the growth velocity of these crystallites.  

Up to this point, we discussed the competition between the eutectic structure, and sepa-

rate α- and β-crystallites during solidification. In addition to these locally ordered struc-

tures, we must now introduce another player in this game, which is the amorphous 

‘phase’. As expressed in terms of the temperature-growth-speed diagrams in Figure 3.6, 

we should expect to obtain a glassy structure in the alloy, if its ‘growth speed’ is even 

higher than the growth speeds of the other structures. For the amorphous phase, the 

growth speed is not a meaningful concept. Nevertheless, we can indicate the glass transi-

tion temperature (Tg) in the diagrams by a horizontal line, as the temperature below which 

the system is effectively frozen in, when it is successfully reached without nucleation or 

growth of either of the crystalline phases, i.e. either the α- and β-crystallites, or the eutec-

tic structure. The diagrams show the maximum speeds for each of these that need to be 

overcome, for this condition to be satisfied. Together with the minimal size of the object 

that is to be quenched into the amorphous phase, this calls for a minimal cooling rate to 

achieve that phase safely. It is clear from the diagrams in Figure 3.6, that the situation is 

most favorable for the eutectic composition, in accordance with the argument already 

provided by Cohen and Turnbull. In the example of Figure 3.6, the relatively high growth 

temperature of β-crystallites at the indicated, off-eutectic composition would require a 

higher cooling rate for glass formation. Below this cooling rate, the alloy would solidify to 

either β-crystallites or eutectic phases.  
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Figure 3.6 (a) Phase diagram for a fictitious binary mixture of A and B with a symmetric coupled 

zone, displayed with various crystal growth regimes. (b) Relation between temperature and 

growth speed of various phases at the eutectic composition, (c) Similar to (b), for a B-rich, off-

eutectic composition. Illustration adapted from ref. 138 

 

3.6 Metal-metal and metal-metalloid MGs 

As we have discussed before, the only practical way to obtain a metal in a glassy configu-

ration is for the metal to be an alloy of at least two elements. Metallic glasses are often 

divided into two groups, namely metal-metalloid glasses and metal-metal glasses. There 

are also other ways in which metallic glasses can be classified. Experiments show that 

metal-metalloid glasses are typically formed with atomic compositions of approximately 

80% metal and 20% metalloid, such as Si, B, P and Ge. Both the metal and the metalloid 

components can consist of more than a single element. However, this ratio may apply dif-

ferently to bulk metallic glasses, including those consisting of three elements and high en-

tropy alloys. In the case of metal-metal glasses, there seems to be much less restriction on 

the composition, with the concentrations of individual components varying over large 

ranges, e.g. from 10% to 90%141. In practice, metal-metal glasses are usually more chal-

lenging to produce, and the number of successfully produced metal-metal glasses is there-

fore limited, especially for the binary systems and bulk metallic glasses.   

The main structural difference between metal-metal and metal-metalloid metallic glasses 

is in the local atomic configurations. In most cases, metal-metal alloys locally adopt icosa-

hedral structures, in order to optimize the packing density142–146, whereas metal-semi-

metal alloys exhibit more complex network-like structures based on trigonal prisms147. 
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3.7 Production of metallic glasses 

As was mentioned before, the atoms in an MG can be frozen collectively, e.g. by rapidly 

cooling down a liquid metal alloy. But they can also be frozen in atom by atom. Here, we 

briefly describe three categories of production methods for metallic glasses: traditional 

quenching from the melt, solid-state transformation processes and deposition-based pro-

cesses.    

Quenching from the melt 

Duwez and colleagues were the first who used the technique of rapid cooling of a liquid 

metallic alloy to obtain a metallic glass148. Their method was used also for the production 

of various other metallic glasses. Anantharaman and Suryanarayana reviewed the tech-

nique, as well as derived methods, elaborately149. Here, I summarize the main approaches. 

Water quenching method 

Water quenching is the rapid cooling of material in water and it is the simplest conven-

tional quenching method. It has been in use for centuries to harden steel. In this method, 

the iron ore is cooled down from melt through its eutectic temperature in the phase dia-

gram. In order to obtain a lower eutectic point, the material is alloyed with other elements. 

Lowering the eutectic point does not influence the kinetic barrier for phase transfor-

mation. Since this technique is more efficient for the system with a high surface area to 

volume ratio, the metallic glass to be obtained can only be in the form of a thin sheet or 

wire. The typical cooling rate, reached by this technique, is 102K/s, which is only useful in 

combination with materials with an extremely high glass-forming ability, much higher than 

typical metal alloys. Therefore, the water quenching method is irrelevant in practice for 

the production of metallic glasses. 

Rapid solidification processing (RSP) 

This is the traditional approach, in which a liquid is rapidly cooled below its freezing tem-

perature. At a sufficiently high cooling rate – typically around 106 K/s or faster for a suitable 

metallic alloy – crystallization may be avoided and a metallic glass is obtained. This was 

the first technique by which a metallic glass was formed. In practice, there are several 

methods to reach such high cooling rates, involving the cooling of liquid droplets and liquid 

jets and rapid surface-melting-and-freezing processes. The most successful RSP method is 

the melt spinning technique which is frequently used in industrial applications. In this tech-

nique, the liquid alloy is poured on a rapidly spinning cold wheel, which deforms the 

stream of liquid into a thin ribbon that is cooled very efficiently to a temperature below 

Tg, due to its intimate contact with the wheel. The fast rotation of the wheel accelerates 
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the ribbon tangentially and makes it detach from the wheel at high speed so that it can be 

collected easily149. 

Solid-state processes 

Annealing-induced solid-state amorphization and mechanical alloying are the most com-

mon solid-state processes that can lead to metallic glass. 

Annealing-induced solid-state amorphization 

Schwarz and Johnson reported that solid-state amorphization could be achieved by an-

nealing-induced reactions of pure, polycrystalline metals150. To achieve metallic glasses by 

this technique, the metals that are to be alloyed should have a large negative heat of mix-

ing and an enormously rapid diffusion of at least one element. The method is then to de-

posit a glass-forming thin film stack of the elements that are to be alloyed, typically by 

sputter deposition or thermal evaporation. Subsequently, this structure is annealed at a 

temperature that is still below Tg, but high enough for one of the elements to exhibit rapid 

diffusion151. The negative heat of mixing drives the formation of the alloy, which, once it 

is formed, is not only completely disordered, but also immobilized, since the temperature 

remains below Tg throughout the entire process. 

Mechanical alloying 

This solid-state, powder metallurgy technique is based on a controlled, brute-force ap-

proach, involving e.g. hot-pressing152, cold welding or fracturing and re-welding of mixed 

powder particles. These particles are blended in a special grinder which is called high-en-

ergy ball mill153. This technique can be used for the production of various non-equilibrium 

phases.  

Deposition-based processes 

Building up a material atom by atom makes it possible to achieve the ultimate cooling rate, 

in which the excess energy that is introduced by every newly arriving atom is conducted 

away at maximum efficiency by the cold surface on which the atom lands. We distinguish 

a variety of atomic deposition methods, usually classified as either physical or chemical 

deposition. 

Physical deposition techniques  

Physical vapor deposition (PVD) stands for a collection of thin-film deposition processes in 

which a material is transported from a source, usually a solid or a liquid to a substrate on 

which it lands154. 
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Sputter deposition; the metals to be deposited are introduced in a vacuum chamber as 

sputtering targets. Sputter deposition is a plasma-based deposition process where ener-

getic ions, usually Ar+, are formed that are accelerated by a potential difference towards 

the sputtering target. When they bombard the target, the ions remove atoms from the 

target surface. These liberated metal atoms can travel as atoms or ions via the plasma to 

the growth substrate, which is in the same vacuum system. There, they deposit in the form 

of a growing thin film. In order to obtain a metallic glass, we need to deposit at least two 

different elemental metals simultaneously. This can be achieved either by sputter deposi-

tion from a single target of premixed108 metallic alloy or by sputter co-deposition from at 

least two separate, single-element targets155. 

Electron-beam deposition; in this method, an energetic electron beam is focused in a vac-

uum system on a metal target that locally heats up to a sufficiently high temperature to 

either sublime atoms from the solid phase or to melt and evaporate atoms. These then 

deposit on the nearby growth substrate156,157. In order to avoid preferential deposition of 

a single element, this method is usually not applied with premixed alloys. Deposition of an 

alloy requires co-deposition from separate sources. 

Thermal evaporation; heating of materials in a vacuum system can also be achieved by 

direct heating methods, for example with the material contained in a crucible, from which 

it sublimes or evaporates towards the nearby growth substrate158. Again, alloys can be 

deposited in this way, by co-deposition of individual elements from separate sources. 

(Typical energy of atoms 0.1 eV) 

Pulsed laser deposition; a high-power infrared laser is used to strike the material target 

with intense pulses that ablate the material in the form of nanometer-scale clusters that 

travel to the growth, substrate where they deposit. In this case, the atoms don’t arrive one 

by one, but in groups that are large enough to minimize both the kinetic energy and the 

released cohesion energy per arriving atom in the cluster, but small enough to still rear-

range into atomically thin deposits159. Like sputter deposition, this technique works well 

both for single-element targets and for premixed targets with the required alloy composi-

tion (cooling rate for picosecond pulses: 1013Ks-1) 160. 

Chemical vapor deposition (CVD)  

In this class of methods, the growth substrate is exposed to a precursor gas, i.e. a flux of 

gas molecules. These molecules chemically decompose on the surface of the substrate and 

leave behind the material of interest, e.g. the metal atoms of choice, while the residues 

from these molecules desorb from the surface in this process161. There are various types 

of CVD and the most used ones for metallic glasses are plasma-enhanced CVD (PECVD), 

rapid thermal CVD (RTCVD) and combustion CVD (CCVD)162. 
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3.8 Properties and applications of MGs 

As a result of their non-periodic atomic structure and the absence of grains and grain 

boundaries, metallic glasses often exhibit special properties, such as a high electrical re-

sistivity with a low-temperature coefficient, excellent soft-magnetic properties, superior 

mechanical properties, e.g. a high yield strength and, a high corrosion resistance. In this 

section, I will briefly discuss several of these properties. 

Mechanical properties 

Many of the mechanical properties of crystalline materials, such as most metals, are 

strongly dominated by crystal defects, such as their grain boundaries and dislocations. 

Usually, the yield strengths measured for metallic materials are well below the ideal 

strengths, predicted by theoretical calculations, because of these imperfections. They also 

make the mechanical properties inhomogeneous, which has significant consequences for 

the plastic deformation behavior of metals. By contrast, metallic glasses are homogeneous 

and lack grains, grain boundaries, dislocations and other extended crystal defects. As a 

result, these materials do not exhibit the variations in mechanical strength that are typical 

for regular metals, which makes them promising materials with high and constant yield 

strength. Despite this higher strength compared to their crystalline counterparts, the me-

tallic glasses have elastic moduli in the same range as regular metals. Figure 3.7 demon-

strates this in the form of a map with the yield stress, expressed as the elastic limit, and 

the Young`s modulus measured for various materials, including elemental metals as well 

as crystalline and amorphous metal alloys. The latter ones are indicated on the map as 

dark ellipses. What the figure reveals directly, is that the experimental values for the yield 

stress of the metallic glasses are much closer to the theoretical values than those for reg-

ular metals and crystalline metal alloys with the same Young’s modulus (E). For a complete 

overview of these systems, we refer to the literature99,163. The high yield stress of metallic 

glasses makes them interesting materials for applications with special demands towards 

mechanical properties, such as elastic pressure gauges, flow-meters, sporting products, 

and micro-springs 164–168. 
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Figure 3.7 Elastic limit (yield stress) and Young`s modulus for a wide selection of metals and 

metallic alloys, metallic glasses and nano-crystalline metallic glasses. Metallic glasses are indi-

cated by dark ellipses. Figure adapted from ref.163.  

 

Electrical resistivity 

The electrical resistivity values of metallic glasses are approximately two times higher than 

those for the crystalline versions of the same materials at room temperature and the dif-

ference becomes more pronounced at lower temperatures. Metallic glasses have higher 

resistivities, because the absence of long-range periodicity of the atomic-scale structure 

leads to increased scattering of conduction electrons. Another important difference is that 

metallic glasses exhibit extremely weak variations of their electrical resistance with tem-

perature. Their resistance-temperature coefficient may even be zero or negative, enabling 

the suppression of thermal drift for electrical applications that require a stable re-

sistance169. Figure 3.8 shows the relative resistivity as a function of temperature for both 

the crystalline and the amorphous forms of FePC. For the glass version of the material, the 

variation of the resistance is very modest up to 675K, which is the crystallization temper-

ature for this material. 
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Figure 3.8. Relative electrical resistivity as a function of temperature for amorphous and crys-

talline FePC. The figure is taken from ref. 169,170.  

 

Magnetic properties 

The random atomic arrangement of atoms and the absence of grain boundaries lead to 

easy magnetization and de-magnetization that provides magnetic metallic glasses with a 

high magnetic permeability and a high saturation induction. This is because the ferromag-

netic magnetization vector is free from any structural anisotropy, which provides these 

materials with exceptionally soft magnetic properties. Soft magnetism corresponds to rel-

atively short response times to changes in an external magnetic field, which means that 

these materials can be magnetized easily and that they have the tendency not to maintain 

their magnetization, once the external field is removed. By contrast, permanent magnets 

are made of materials having hard magnetic properties based on their internal crystal 

structure. Their structural anisotropy gives rise to hard de-magnetization. The soft mag-

netic materials also exhibit low magnetic losses (eddy current loss).  These properties 

make MGs successful components for transformers, inductors, electromagnets and for mi-

crowave applications. 

Corrosion resistance 

 
Corrosion is one of the most common problems that almost all metals share. Polycrystal-

line and amorphous metals are potentially different in their chemical properties, including 

their corrosion behavior. Grain boundaries in a polycrystalline matrix are often the pre-

ferred channels for atoms and molecules from the surrounding phase, e.g. air or water, to 

enter the solid and migrate inside the material163. In addition, grain boundaries provide 
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the internal surfaces where corrosion can take place, in parallel with the corrosion on the 

external surface. By contrast, a glassy structure lacks grain boundaries and may therefore 

be expected to exhibit corrosion only at the outer surface and to protect itself in many 

cases from further corrosion by the presence of the first nanometers of surface oxide. In 

this way, we may hope that amorphous metals have a higher corrosion resistance than 

their polycrystalline counterparts. 

Properties of thin-film metallic glasses 

The structure and properties of thin films to some extent depend on the substrate tem-

perature and the adatom mobility of the particles arriving in the film’s deposition process. 

In addition to the properties that they share with BMGs, TFMGs may exhibit additional, 

unique properties. For example, due to the absence of grains or other microstructures, the 

surface roughness of metallic glasses is expected to be lower than that of their crystalline 

counterparts. Zeman et al. reported that the surface roughness of thin films of Zr-Cu me-

tallic glass was less than 1.5 nm, which is lower than the roughness of equally thin poly-

crystalline films of elemental Zr and Cu171. Nevertheless, a surface roughness of 1.5 nm is 

a modest improvement and may also be achieved for polycrystalline thin films. Similar 

results were also reported for ZrCuAlNi metallic glass films172 Kumar et al. demonstrated 

that the magnetic bulk metallic glasses would be promising candidates for high-density 

data storage due to the kinetics of the writing and erasing173. In fact, these properties re-

flect the surface smoothening of the disordered atomic structure triggered by annealing 

at supercooled liquid temperatures. The amorphous structure and the relatively low vis-

cosity for the crystallization in the supercooled liquid region are responsible for the recov-

ery of possible defects, such as scratches or the roughness originating from the deposition 

of the film. We recognize two main driving forces for this self-healing, namely surface ten-

sion and structural relaxation174. An AFM study of Fe-based thin-film metallic glass demon-

strated that the depth of a nano indentation was reduced by 13.8% after annealing at 

500˚C for 1 min109, indicating that the glass film is not only smooth as a result of the dep-

osition, but that the smoothness can be improved further by post-deposition annealing. 

3.9 Limitations 

Even though metallic glasses exhibit a high yield strength, their plastic properties present 

a limitation. As they do not have extended crystal defects, such as dislocations and stack-

ing faults, MGs tend not to be very ductile. Instead, they show brittleness, caused by highly 

localized deformation in shear bands that accommodate the strain almost entirely, while 

leaving the rest of the material unstrained175–182. 
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However, the poor-ductility problem of metallic glasses is strongly reduced for objects of 

smaller sizes, such as thin films183. It has been demonstrated that Zr60Cu24Al11Ni5 MG films 

with a thickness of 260 nm could accommodate a massive strain up to ∼4000% without 

shear-banding or cracking184. Similarly, Glushko et al. reported an exceptional fracture re-

sistance of 7-nm thick Pd82Si18, whereas this effect disappeared for thicker films185. The 

combination of a high mechanical strength due to the glassy structure with good ductility, 

connected to the nanometer thickness, makes thin-film metallic glasses promising candi-

dates for applications such as microelectronics, data-storage electronics or nanoelectro-

mechanical systems186.   

We can keep minimizing the effect of poor ductility and poor fracture resistance by keep-

ing the sizes of metallic glass structures small, but the limited size in itself can be another 

limitation. Still, another solution may exist by which the limited-size restriction can be 

lifted, which involves the combination of nanocrystals inside an amorphous matrix. I will 

explain this suggestion in more detail in Section 11. First, we need to understand the crys-

tallization of metallic glasses. 

3.10 Crystallization from the glassy state 

Independent of how it is produced, an amorphous configuration is thermodynamically un-

stable, or, more precisely, metastable. At a sufficiently high temperature, the transfor-

mation to a (poly)crystalline solid is bound to take place. Key steps in this process are the 

nucleation of crystallites within the glass environment and the subsequent growth of these 

crystalline nuclei187,188. In practice, crystallization of glass is observed at and above an on-

set crystallization temperature (Tx). Similar to Tg, which is a function of cooling rate, Tx is 

determined by the heating rate; it is higher for higher heating rates. The difference be-

tween Tx and Tg can be taken as a measure for the thermal stability of a glass;  

𝛥𝑇 =  𝑇𝑥 – 𝑇𝑔    (3.2) 

Here, we briefly review classical nucleation theory to acquire a basic understanding of the 

first step in the crystallization process. We follow the well-known description for crystalli-

zation in a supercooled liquid and, for simplicity, assume the crystal nuclei to have spher-

ical shapes, ignore possible effects of segregation and impurities at the amorphous-crystal 

interface and assume the crystallites to be homogenous in composition and structure189–

191. 

Classical Nucleation Theory 

Classical nucleation theory (CNT) provides a convenient model description of the kinetics 

of crystallization192,193. Here, we summarize the simplest form of CNT, assuming 
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crystallization to start with the spontaneous formation of a spherical crystalline nucleus 

inside a homogeneous liquid. The relevant quantity in this description is ΔG, the change in 

total Gibbs free energy G when a crystalline nucleus with radius r is formed within the 

supercooled liquid. This change is composed of two contributions. 

𝛥𝐺(𝑟) =
4

3
𝜋𝑟3Δg + 4π𝑟2σ    (3.3) 

The first term on the right relates to the volume of the spherical cluster, Δg is the differ-

ence per unit volume of the Gibbs free energy between the solid and the supercooled 

liquid phases, which is necessarily negative. The second term is introduced by the interface 

between the two phases, and is proportional to the Gibbs free energy per unit area σ of 

that interface, which is always positive. Since the first term scales with r3 and the second 

with r2, G(r) displays a maximum at a special radius that we refer to as the critical radius.  

𝑑∆𝐺

𝑑𝑟
|

𝑟=𝑟𝑐

= 0   (3.4) 

Nuclei below this size tend to shrink and disappear. However, once a nucleus passes the 

critical radius, it is there to stay and it will grow without further hindrance. This makes the 

maximum of Gc = G(rc) the relevant free energy barrier for the nucleation process. We 

readily obtain rc and Gc from Eq. (3.4). 

𝑟𝑐 =
2𝜎

| 𝛥𝑔|
    (3.5) 

𝛥𝐺𝑐 =
16

3(𝛥𝑔)2 𝜋𝜎3  (3.6) 

 

This relation between the Gibbs free energy, the bulk free energy difference and the in-

terfacial free energy is illustrated in Figure 3.9. Impurities in the liquid and the presence of 

surfaces may provide local nucleation sites, leading to heterogeneous nucleation, typically 

with a lower free energy barrier than Gc. 

A limited number of studies demonstrate that some metallic glasses with high thermal 

stability cannot be described well by CNT and seem to be described better by the phase-

field theory (PFT)194–197. PFT uses an alternative solution to substitute the boundary con-

ditions with a diffuse interface by an auxiliary field198. 
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Figure 3.9: Schematic illustration of the free energy difference of a crystalline particle in a su-

percooled liquid, with respect to an equally large volume of liquid, as a function of its radius. 

The green curve shows the volume contribution, which is always negative, as the liquid is super-

cooled, and scales with the third power of the radius. The red curve illustrates the interfacial 

energy, which is always positive and scales with the square of the radius. The blue curve repre-

sents the total free energy (sum of volume and interface contributions), which initially increases 

with the radius, reaches a maximum at the so-called critical radius and reduces for larger radii. 

Figure reproduced from ref. 199.  

 

Crystallization Modes 
Crystallization of bi-metallic glasses can take place in several ways, as illustrated in Figure 

3.10. Each crystallization mode leads to a different structure, which provides the possibil-

ity to choose the microstructure of these materials and tune their properties200. Here, I 

mention the three main crystallization modes for bi-metallic glasses201,202; 

Polymorphous crystallization is the name that is used for transformations of the amor-

phous alloy that take place without changes in composition. The two panels of Figure 3.10 

indicate different possibilities for such a transformation.  

In the top panel, polymorphous crystallization would take place to a solid solution, in this 

case of A-crystallites with B-atoms dissolved in them. In the lower panel, polymorphous 

crystallization would take place to a well-defined, crystalline compound of A and B, which 

is indicated in the panel by a narrow free-energy curve.   

Primary crystallization is the major way for a metallic glass to transform. It requires the 

segregation of the bi-metallic mixture into regions that are enriched in either of the 
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components, thus lowering the total free energy of the material. The double-tangent con-

struction in the top panel of Figure 3.10 connects the Gibbs free-energy curve for A-en-

riched crystals with the curve for the amorphous (or liquid) mixture and demonstrates 

how the total free energy is lowered by the formation of A-enriched crystals. The other 

component, which is B-enriched and still amorphous, may undergo a subsequent crystal-

lization transition, for example in the form of a second ‘primary’ crystallization transition, 

referred to as a secondary transformation, which would result in B-enriched crystallites. 

Eutectic crystallization was already mentioned as the simultaneous, coupled crystalliza-

tion into a spatially organized combination of two different structures with different com-

positions, G was illustrated in Figure 3.6. In the lower panel of Figure 3.10, this is illus-

trated for the case of a solid solution of the A-rich crystalline phase in combination with a 

specific, crystalline A-B compound. In Figure 3.6, it was shown for the combination of two 

solid solutions, A-rich and B-rich.  

Crystallization of an amorphous structure into metastable or stable phases goes hand in 

hand with changes in physical properties, such as mechanical, electrical and magnetic203–

205. Ketkaew et al. investigated the effect of crystallization on fracture resistance. They 

found that a minor level of crystallization, up to 6%, does not lead to a significant differ-

ence in toughness. However, they measured a 50% decrease in the fracture resistance 

after an additional 1% crystallization206.  
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Figure 3.10 Gibbs free energy diagrams for a binary metal alloy that illustrate the crystallization 

modes, discussed in the text. The free-energy curve for the liquid is taken as representative for 

that of the amorphous metallic mixture. Whereas polymorphic crystallization requires no 

changes in composition, segregation of the mixture into A-enriched and B-enriched regions is 

necessary for primary crystallization and eutectic crystallization. Figure reproduced from 

ref.182.  

 

3.11 Amorphous and nano-crystalline metallic glasses 

Nanocrystals are aggregates of atoms in the form of single crystals with sizes smaller than 

50 nm. They form fine, polycrystalline structures with a high density of grain boundaries. 

Nanocrystalline solids are often considered an intermediate between amorphous and con-

ventional polycrystalline materials with coarser grains. Previously, we discussed the 
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unique properties of amorphous metallic glasses and their drawbacks, such as poor frac-

ture resistance. Here, we will briefly explore the characteristics of nanocrystalline materi-

als, after which we consider one composite that consists of an amorphous metallic matrix 

with embedded nanocrystals. 

There are various methods to produce nanocrystalline materials. The first to consider is 

ball milling. In section 3.7,  we mentioned that this method can be used for the production 

of metallic glasses207,208, but they also showed that this method can also be used to obtain 

one composite consisting of both amorphous and nanocrystals by modifying the compo-

sition of the elements. A second method is the annealing-induced crystallization of amor-

phous alloys209. Following the discovery of metallic glasses,  researchers often investigated 

their thermal stability. It was found that for some material compositions of specific alloys, 

such as Fe-P-C210, Zr-Cu211, and Pd-Si96,212, after the annealing at a specific temperature 

that depends on the material and the precise composition, a combination is obtained of 

nanocrystals embedded in a metallic glasses. Unfortunately, it is challenging to control the 

amount of crystallization with this technique. In addition, the thermal treatment itself also 

can cause other changes that dramatically affect the properties of the metallic glass. For 

example, annealing at temperatures below the crystallization temperature has a strong 

effect on the micro-hardness of an amorphous Fe-B alloy213. Therefore, more controlled 

methods are increasingly gaining attention, such as PVD methods, e.g. thermal evapora-

tion214, pulsed laser deposition215,216 and sputter deposition217–220. These methods enable 

one to directly obtain nanocrystalline thin films. Especially, sputter deposition has an over-

all advantage over other techniques because it provides an enhanced GFA over a wider 

compositional range for the alloys to be produced in amorphous or crystalline configura-

tions by modifying the sputtering settings, 220,221 and furthermore it is an attractive tech-

nique for industrial applications. Chapter 2 of the thesis presents the experimental results 

of nanocrystalline elemental metal thin films by sputter deposition. The most important 

property, of determining whether the deposition results in nanostructured metallic glass, 

is the composition of the sputtered elements. 

In addition to these, other methods have been developed to obtain nanocrystalline struc-

tures on a surface, such as crystallization by ultrasonic shot peening222 and surface me-

chanical attrition treatment223. For these methods, the amorphous matrix is the parent 

phase for crystallites that are formed in a later stage. Li et al. wrote a useful review article 

on the fabrication, properties and applications of amorphous-nanocrystalline alloys224. 

They highlighted the advantages of these alloys compared to regular crystalline counter-

parts including high strength and hardness. However, some limitations are also demon-

strated such as modest stability at elevated temperatures225,226 and poor ductility227–229, 

similar to the limitations of metallic glasses, discussed previously.  
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Smart engineering may enable the combination of the advantages of nanocrystalline ma-

terials and amorphous metallic glasses. In order to improve fracture resistance, one can 

introduce crystallites into an amorphous matrix. Embedding micrometer-size crystallites 

in metallic glass can improve ductility but this also introduces a remarkable drop in the 

overall strength of the material230. The behavior is entirely different when the crystallites 

have sizes in the nanometer regime. Kim et al. demonstrated that including nanometer-

size Al crystals in an Al-Y-Ni-Fe metallic glass not only increases the fracture resistance but 

also slightly increases the strength231. Early research aiming to increase the mechanical 

strength of metallic glasses was mostly conducted at Tohoku University. It was found that 

most of the metallic glasses exhibit an improved hardness and an increased elastic modu-

lus when the volume fraction of nano-crystallites is increased from 10% to 40% 224,232–240. 

The role of nanocrystals inside the amorphous matrix enhances not only the mechanical 

properties but also the chemical properties of the material such as resistance to oxida-

tion241. Therefore partially crystallized metallic glasses can find a place in various applica-

tions. Even though it is clear that the detailed atomic configurations are at play here, in 

combination with thermodynamic driving forces, the precise mechanisms by which these 

properties are improved are not fully understood. The methods, discussed here, to obtain 

both crystallites and an amorphous matrix, mostly rely on the formation of the crystallites 

in a pre-existing amorphous medium, by subsequent thermal or mechanic processes. 

However, these final-stage treatments may significantly affect the properties of the two 

components of the composite material. It would be interesting to produce such a hybrid 

material of a binary alloy, combining crystallites and an amorphous matrix, without the 

need for special thermal or mechanical treatments. Preliminary observations in the con-

text of Chapter 4, suggest that we may have a recipe to directly obtain configurations of 

nano-crystallites in an amorphous matrix via the deposition of thin binary alloy films.  

3.12 Ru-Mo alloy 

In this thesis, the focus is on alloys of Ru and Mo. Obviously, these alloys do not satisfy the 

first empirical rule that was introduced in Sect. 3.4 for achieving a high GFA, namely that 

the alloy should contain at least three elements. Also, the second rule, that the atomic 

sizes should differ by at least 12%, does not apply,  as the Van der Waals radii of  Mo and 

Ru, of 209 pm and 205 pm respectively, differ by less than 2 %. For this reason, RuMo 

alloys have received little attention as potential metallic glasses. However, since both ma-

terials exhibit favorable properties for applications that involve EUV light, it is useful to 

explore the possibilities for amorphous structures of these alloys and their potential ben-

efits for these applications. 
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The binary RuMo phase diagram was investigated at temperatures below 1600˚C by 

Raub242. It was found that only small quantities of Ru can dissolve into Mo, whereas Mo 

can dissolve up to 35% into Ru at 800˚C. In addition to this, a special crystal structure was 

identified by Bloom243  for the composition Ru3Mo5, referred to as the sigma phase (σ-

phase). The sigma phase is a member of a family of topologically close-packed (TCP) 

phases, also known as Frank-Kasper (FK) phases. It consists of intermetallic compounds of 

transition metals with a non-stoichiometric structure. The sigma phase has a complex te-

tragonal structure with 30 atoms in a unit cell. This is a special case for the transition metal 

alloys, having the ratio of valence electrons to atoms in the range of 6.2 to 7.4244, and the 

formation of this phase has a strong influence on mechanical properties, such as hardness 

and brittleness. Anderson and Hume-Rothery studied the Mo-Ru system at temperatures 

above 1600˚C and they claimed that the maximum solubility of Mo is 51% in Ru, where Ru 

dissolves up to 30.5% of Mo at the same temperature245. Kleykamp reinvestigated the 

phase diagram of RuMo with a broader temperature range between 900 and 2000˚C and 

obtained consistent results with the previous studies246. Furthermore, Kleykamp demon-

strated that the σ-phase of Ru3Mo5 ceases to exist at temperatures below 1143˚C, see Fig-

ure 3.12. This implies that the formation enthalpy is unfavorable for the sigma phase, but 

the structure is stabilized by configurational entropy for temperatures above 1143˚C. 

In 1977, Collver and Hammond investigated the stability of amorphous transition-metal 

alloy films, including MoRu alloys, grown by electron-beam evaporation onto a liquid-he-

lium cooled substrate247. Their research identified an abrupt decrease in electrical resistiv-

ity during annealing, which was correlated to crystallization. The results suggested that 

Ru-rich alloys, down to 75% of Ru, are crystalline immediately when deposited. For 75% 

of Ru, 25 K was found as the transformation temperature, indicating the alloy to be amor-

phous below that temperature. For alloys containing 50% and 68% of Ru, no sharp drop 

was found in the resistivity up to 800 K, suggesting that these compositions were amor-

phous. However, Collver and Hammond did not provide any direct proof of the microstruc-

ture in their paper. 
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Figure 3.12  Binary Phase diagram of Mo and Ru for temperatures above 800˚C. The diagram 

combines results from X-ray microanalysis (XMA), differential thermal analysis (DTA) and dila-

tometry. In the immiscibility gap, at temperatures above 1143˚C, the so-called -phase is found. 

The other phases that are relevant in the immiscibility gap are the Mo-rich -phase and the Ru-

rich -phase. Figure reproduced from Ref. 246. 

 

In Chapter 4, I report results for alloys of Ru and Mo, obtained by sputter co-deposition. 

There are multiple reasons that make an amorphous Ru and Mo alloy very attractive and 

promising. First of all, both Ru and Mo show a high IR-emissivity248. In addition, Ru exhibits 

superior resistance to oxidation249, while Mo has a very high EUV transmissivity250. That is 

why both metals are well-researched and in use in the semiconductor equipment industry. 

Furthermore, Collver and Hammond reported some amorphous transition metals, includ-

ing Ru and Mo alloy, that exhibit superior superconductivity, compared to their crystalline 

counterparts247. Ru and Mo are also essential and very high-yield elements in irradiated 

oxide nuclear fuels251.  
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Chapter 4 

AMORPHOUS ALLOY FILMS OF RUTHENIUM AND      

MOLYBDENUM 
 

Microscopy and diffraction measurements are presented of ultrathin binary alloy films of 

ruthenium and molybdenum that are obtained by standard sputter deposition. For com-

positions close to Ru50Mo50, we find the films to be amorphous. The amorphicity of the 

films is accompanied by a significant reduction of the roughness with respect to the rough-

ness of equally thick films of either ruthenium or molybdenum. We ascribe this to the 

absence of the grain structure that is characteristic of the polycrystalline films of the sep-

arate elements.
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4.1 Introduction 

Thin metal films find broad application in advanced as well as every-day technology as a 

relatively cost-effective way to customize and improve materials properties, for example 

to protect against corrosion 219, to lower friction and enhance wear resistance9,252–254, as 

electrically conductive layers6,8, or, simply, to make a material look metallic. The combina-

tion of a cheap inside with a thin film of a more sophisticated or expensive material often 

forms a cost-effective way to add the superior surface properties or looks of the coating 

to the bulk properties of the inner material. On a microscopic scale, metal films are usually 

polycrystalline. The strong tendency for metals to crystallize, usually makes these films 

organize themselves as a conglomerate of small crystallites, all with different orientations. 

Even though most of the atoms in the film can be inside such small crystalline grains, many 

macroscopic film properties are actually dominated by the grain boundaries between 

them, where the perfect crystalline stacking is obviously compromised, and by other de-

fects in the crystal structure. For example, the yield strengths measured for polycrystalline 

films differ strongly from the ideal strengths, predicted by theoretical calculations for per-

fect single crystals163, because of the strong effects of dislocations and other crystal de-

fects on the mechanical properties255. Chemically, the protective quality of a polycrystal-

line film can be significantly below that of a single-crystalline one, if atoms or molecules 

can migrate through the polycrystalline ensemble via the grain boundaries163. Even the 

chemical integrity of the film itself can be at stake, when e.g. oxidation can take place not 

only at the surface of the film, but also deeply inside, at or via the grain boundaries. In 

many modern applications, such as low-friction films and optical coatings, extreme, i.e. 

atomic-scale flatness of thin films would be of advantage256,257, but the grainy structure of 

a polycrystalline film also comes with roughness, simply because of the tendency for each 

grain at the surface of the film to adopt its own equilibrium shape22. Rather than connect-

ing into a densely packed, atomically smooth layer, these randomly oriented crystallites 

typically make the surface look like a cobblestone pavement. 

Conceptually, one may recognize two obvious, but extreme solutions to the problems in-

troduced by the polycrystallinity of most metal films: either perfect order, i.e. single crys-

tallinity, or total disorder, i.e. amorphicity. In principle, one should be able to avoid grain 

boundaries altogether by producing thin, metal films in the form of perfect, single crystals. 

Unfortunately, even though it is possible to reach lateral grain sizes that can be signifi-

cantly larger than the thickness of a metal film, it is practically impossible to make the 

average grain size arbitrarily large and thus completely remove the grain boundaries from 

thin, crystalline metal films. Moreover, larger grain diameters are accompanied by larger 

thickness variations of the film – the cobblestone effect. For cases where the lateral grain 

size would be much larger than the film thickness, this would eventually even lead to 
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places where the film thickness is reduced to zero, at which point the film would be free 

to break up and expose the underlying material, depending on the surface and interface 

free energies of the materials involved. The counterintuitive, extreme alternative would 

be to avoid grain boundaries by going completely in the opposite direction and avoiding 

crystallinity altogether. For this purpose, the metal would need to be deposited and main-

tained in a glassy arrangement. This is practically impossible to achieve and maintain for 

single-element metals. 

Interestingly, several metallic alloys are known that can be cast or deposited in an amor-

phous form. First reports on amorphous metal alloys date back to the early nineteen-six-

ties101,148. The rationale behind this approach is that crystallization often requires a signif-

icant rearrangement of the internal configuration of the alloy. This can, for example, take 

the form of segregation of the compound into two different compositions, one enriched 

in one of the two metals, the other enriched in the other, with at least one of them forming 

crystallites. This would require the migration of atoms over substantially larger distances 

than the atomic-scale rearrangements required to turn a single-element material into a 

crystal. Additional kinetic hindrance is introduced when the two constituents have signifi-

cantly different atomic sizes 121,258. While a single-element metallic liquid typically would 

have to be cooled at a rate in the order of 1014 K/s91 to reach the glass transition temper-

ature without spontaneous nucleation of crystallites, typical cooling rates required for 

glass formation of selected binary metal alloys can be lower by more than 11 orders of 

magnitude259. This still calls for dedicated production methods. Since the early work on 

metallic glasses, a growing variety of new, ever more complex, metallic materials was iden-

tified that can be obtained in the form of a glass. One class of examples is formed by high-

entropy alloys260, for which the combination of five or more elements makes that the high 

configurational entropy of the liquid strongly reduces the melting point and thus reduces 

the remaining temperature difference that needs to be overcome rapidly to reach the 

glass transition. 

In this chapter, we concentrate on the classic case of a binary mixture, by investigating 

alloys of ruthenium and molybdenum. These materials were selected because of their ap-

plication in reflective optics for lithography with extreme ultraviolet light with a wave-

length of 13.5 nm, used in the latest generation of lithography tools in the semiconductor 

industry261. We first demonstrate that sputter deposition of mixtures of these metals with 

a composition close to Ru50Mo50 leads to amorphous thin films with a surprising level of 

metastability with respect to crystallization. We employ grazing-incidence x-ray diffraction 

and high-resolution transmission electron microscopy to inspect the amorphicity of these 

films down to the atomic scale. We further show that these films exhibit an extremely 

smooth surface when compared to the conventional, polycrystalline surfaces that we 
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obtained by the same sputter deposition procedure for similarly thick layers of the ele-

mental constituents, i.e. Ru or Mo, under the same conditions and on the same substrates.  

Thin amorphous films have been demonstrated before for selected binary metal alloys109, 

for example in the case of the Cu-Zr system171. For the Ru-Mo alloy that is featured in the 

present chapter, to our knowledge, no direct observations are available for the amorphi-

city of thin films, albeit measurements in59 on the electrical resistivity of electron-beam 

deposited RuMo films were interpreted already in 1978 as an indication for their amor-

phous structure in a certain range of compositions.  

That the surface roughness of thin amorphous metal alloy films can be very low109,262 and 

that it increases upon the change from amorphous to polycrystalline, has been found be-

fore, for example in annealing experiments263 on ZrAlMoCu metallic glass films and in the 

comparison of polycrystalline Zr and Cu films and amorphous CuZr alloy films171. Similar 

indications were reported for ZrCuAlNi metallic glass films172. For the CuZr-case, the larger 

roughness of the polycrystalline films was ascribed to their columnar structure171. 

We investigated mixtures of ruthenium and molybdenum. A special feature of the binary 

phase diagram of RuMo mixtures is the existence of an entropy-stabilized configuration 

for a narrow range of compositions around Ru3Mo5, the so-called -phase243–246, a tetrag-

onal lattice (space group P42/mnm) with five inequivalent sublattices of atomic sites. This 

phase occurs at temperatures below the eutectic point, i.e. the lowest melting point for 

any of the mixtures. Rather than to cool the mixture from the melt, we concentrated on 

ultrathin films that we routinely deposit on Si(100) wafers, terminated by a native oxide 

layer, by simultaneous sputter deposition of Ru and Mo from separate sources. In contrast 

to Ru-Mo growth studies reported in the literature59,60, the substrate was kept at room 

temperature. For practical reasons, we used DC-sputtering for Ru and RF-sputtering for 

Mo, but we do not expect that this difference plays a decisive role in our findings. In this 

way, films were obtained with thicknesses ranging from 4 to 30 nm and compositions rang-

ing from Ru83Mo17 to Ru35Mo65. Details about the deposition procedure and all other ex-

perimental methods can be found in Chapter 1. The thicknesses and precise average com-

positions of the films were determined after deposition with a combination of techniques, 

including profilometry, atomic force microscopy, electron microscopy, energy-dispersive 

x-ray spectroscopy and x-ray photoelectron spectroscopy. For reference, we also depos-

ited pure Ru films and pure Mo films. In order to bring out their atomic-scale structure, 

local composition and surface smoothness, we inspected the collection of deposited thin 

films with further techniques, including grazing-incidence x-ray diffraction (GIXRD), scan-

ning electron microscopy (SEM), high-resolution cross-sectional transmission electron mi-

croscopy (TEM) and atomic force microscopy (AFM). 
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4.2 Results  

Figure 4.1 concentrates on the structural characteristics of approximately 21 nm thick 

RuMo alloy films with two different compositions. The Ru43Mo57 film is closest to the eu-

tectic composition of Ru42Mo58
245,246,264. A strong fingerprint of the amorphous nature of 

this film is provided by the upper GIXRD pattern in Figure. 4.1a. It contains two very broad 

peaks, similar to the diffraction pattern from a liquid265,266. The complete absence of sharp 

peaks indicates that if some of the Ru and/or Mo atoms would still have formed crystals, 

their fraction of the total cannot establish more than approximately 1% of the total num-

ber of atoms, based on the sensitivity and the noise level in the data. Note that the sharp 

peaks, labeled by an asterisk, stem from the Si(100) substrate and have low intensities due 

to the grazing-incidence geometry of the experiment that was chosen to maximize the 

signal from the film. The sharpness of these Si peaks testifies to the angular resolution of 

the diffraction measurement. In order to be certain that the broad GIXRD peaks of the 

alloy correspond to an amorphous configuration, rather than a nano-crystalline arrange-

ment, for which the small crystallite size might perhaps lead to similarly broad peaks, we 

inspected the Ru43Mo57 film also with high-resolution cross-sectional TEM. The result is 

shown in Figure. 4.1b. While the Si(100) substrate exhibits its familiar, well-ordered lattice 

structure, the alloy film is completely disordered on all length scales, down to atomic di-

mensions, as can be verified directly in the enlarged section in Figure. 4.1c. The spatial 

information in the TEM image is consistent with the GIXRD spectrum, as can be recognized 

from the two-dimensional fast Fourier transform (2D FFT) in Figure 4.1d that was taken 

from the TEM region in Figure. 4.1c, completely within the alloy film. As expected from 

the qualitative impression of the TEM image itself, the 2D FFT contains no orientational 

preferences. The broad ring reflects the short-range correlation between the atoms in the 

amorphous film and their direct neighbors, and its radius coincides with the position of 

the main peak in the GIXRD pattern. Interestingly, the surface of the film makes a 

smoother impression in the TEM image than the surface of the thin native oxide layer on 

which the film was deposited. We will return to this point later. 

The lower curve in Figure 4.1a shows the GIXRD spectrum measured for an equally thin 

film of the more ruthenium-rich alloy, Ru77Mo23. It is dramatically different from the dif-

fraction pattern from the amorphous alloy, Ru43Mo57, and shows a rich collection of sharp 

peaks that can all be associated with a polycrystalline layer with the hexagonal close-

packed structure of ruthenium. Interestingly, the peak positions correspond to lattice con-

stants of a = 0.272 nm and c = 0.432 nm, which indicates an expansion of the volume of 

the lattice unit cell by 2.0 % ± 0.35 % with respect to the regular lattice of ruthenium. This 

indicates that these diffraction peaks do not come from pure ruthenium, but from a solid 

solution of the somewhat larger molybdenum atoms in ruthenium246. The lattice 
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expansion can be associated with a composition of Ru84Mo16, with an error margin of no 

more than ± 3 % on the two atomic concentrations. The widths of the diffraction peaks 

exceed the resolution and can be used to estimate an average grain size of approximately 

10 nm, a significant fraction of the film thickness. We speculate that the ruthenium-rich 

crystals that the GIXRD spectrum is indicative of are formed out of the deposited, 77:23-

mixture by segregation. The remaining material in the film must then be enriched in mo-

lybdenum. One might expect this remaining component to form body-centered cubic crys-

tallites, i.e. with the lattice structure of molybdenum (and with a slightly reduced lattice 

constant due to the dissolved ruthenium). However, the GIXRD pattern does not contain 

any additional peaks. This means that the molybdenum-enriched component must be pre-

sent in a different form, which does not generate distinct, i.e. sharp features in the GIXRD. 

In order to further elucidate the segregated structure for this composition, additional ex-

periments will be required. 

The diffraction pattern and TEM observations of the amorphous nature of the Ru43Mo57 

film were characteristic for the entire film, rather than specially selected ‘best cases’. Fig-

ure 4.2a shows the same combination of a selected region from a cross-sectional high-

resolution TEM micrograph of the Ru43Mo57 alloy film and its two-dimensional fast Fourier 

transform that was shown already in Figs. 4.1c,d. For completeness, we also show Figs. 

4.2b and c of two other, equally large regions from the same film and the corresponding 

2D-FFT patterns. The arrows point to what one might interpret as weak indications of local 

order, but that does not stand out as ordered domains in the corresponding real-space 

images. Apart from such occasional local intensities, all two-dimensional Fourier trans-

forms were fully consistent with the smooth pattern for Figure 4.2a.  
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Figure 4.1. (a) GI-XRD measurements from 21 nm thick Ru43Mo57 (top) and Ru77Mo23 (bottom) 

alloy films. Along the upper horizontal axis of the panel, the scattering angles are converted 

into the corresponding reciprocal-space scale. The sharp peaks indicated by asterisks are arti-

facts originating from the Si(100) substrate. (b) Cross-sectional high-resolution TEM micrograph 

of the Ru43Mo57 alloy film and the Si(100) substrate. Note the crystalline structure of the Si sub-

strate, the structural disorder of the thin native oxide layer by which the substrate is terminated 

and the complete absence of crystalline order in the metal alloy film on top of that. The white 

rectangle indicates the region that is displayed on a magnified scale in panel (c) to emphasize 

the disordered arrangement in the alloy. Panel (d) represents the two-dimensional fast Fourier 

transform of this region, which matches the features in the upper GIXRD curve of panel (a), 

measured from the same composition 
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Figure. 4.2. Three selected regions from cross-sectional high-resolution TEM micrographs of the 

Ru43Mo57 alloy film, each taken completely within the alloy film. The corresponding two-dimen-

sional fast Fourier transforms all display the same broad ring, typical for an amorphous arrange-

ment. The arrows in panels (b) and (c) indicate weak, additional signatures of local order that 

we have observed in some of these local 2D FFTs, but that we cannot recognize readily in the 

corresponding TEM images 
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Figure 4.3 shows the XPS spectra of a polycrystalline Ru77Mo23 thin film (top) and an amor-

phous Ru43Mo57 thin film (bottom). The survey spectra (left) have been acquired at 500 eV 

pass energy, while the detailed Ru 3d and Mo 3d regions (right) have been acquired at 300 

eV pass energy. The survey spectra only contain peaks associated with ruthenium, molyb-

denum and oxygen.  

The detailed Ru 3d and Mo 3d regions have been fitted using Voigt functions, taking into 

account the presence of metal oxides and the broadening due to the Coster-Kronig effect. 

A Shirley function has been used for background correction.  

The surface fractions of ruthenium and molybdenum were inferred from the total areas 

of the Ru 3d and Mo 3d peaks, obtained from the fits and the corresponding photoioniza-

tion cross sections, according to the general equation: 

𝑥𝑖 =  

𝐴𝑖

𝜎𝑖

∑ (
𝐴𝑗

𝜎𝑗
)𝑁

𝑗=1

     (4.1) 

where A is the area of a peak, σ is the corresponding photoionization cross-section, i and 

j refer to the elements ruthenium and molybdenum, and N stands for the total number of 

elements, in this case 2. The surface compositions that we obtained in this way for the two 

alloys in Figure 4.3, are given in the two panels on the left, with the overview spectra. 

Within the error margins, the measured surface compositions of Ru79Mo21 and Ru43Mo57, 

are equal to the (average) bulk compositions of Ru77Mo23 and Ru43Mo57 that we obtained 

from SEM-EDX measurements on the same samples (see Table 1.3). 

The oxygen peaks are expected due to the exposure of the surface to air after the deposi-

tion, leading to surface oxidation and water adsorption. The XPS spectra contain a minor 

molybdenum peak at 235 eV, stemming from molybdenum oxide. Note that the surface 

of the Ru43Mo57 alloy contains more oxygen than that of the Ru77Mo23 alloy, which may be 

attributed to the stronger oxidation resistance of ruthenium capping layers267,268.  

A possible C 1s peak, due to carbon contamination during deposition, would be located 

around 284.5 eV and would thus overlap with the Ru 3d peak structure. When fitting the 

Ru 3d peak, we arrive at the correct 3:2 peak ratio, from which we conclude that carbon 

contamination can be neglected. 
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Figure. 4.3. XPS spectra for a 20 nm thick, polycrystalline film with a composition of Ru77Mo23 

(top) and for a 21 nm thick, amorphous film with a composition of Ru43Mo57 (bottom). The pan-

els on the right show the detailed spectra for the two thin films around the Ru 3d and the Mo 

3d regions, and the corresponding fits (red curves). 

 

The bottom right panel of Figure 4.4 repeats the TEM image of Figure 4.1b. The other 

panels show the simultaneously acquired EDX maps for four elements, ruthenium, molyb-

denum, silicon and oxygen. As the ruthenium and molybdenum maps clearly show and as 

is quantified in the concentration curves for the two metallic elements in the bottom left 

panel, the concentrations of the two metals go through a total of close to five full cycles 

of approximately 15% variation, with the two metals varying in antiphase with each other. 

This variation is a direct consequence of the source geometry of our sputter deposition 

chamber in combination with the continuous sample rotation during deposition. As ex-

plained in Chapter 1, we produce our alloy films by co-deposition from separate, pure 
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molybdenum and pure ruthenium targets. These sputter targets are arranged off-axis with 

respect to the rotation axis of the sample platform, each directed toward the center of the 

platform. This platform carries multiple samples, with each sample placed at a certain dis-

tance from the rotation axis. During the deposition, the sample platform rotated at a 

speed of 4 revolutions per minute (RPM), periodically bringing each sample closer to the 

molybdenum target and further away from the ruthenium target and vice versa. The pe-

riod of the observed concentration variations matches this rotation. Interestingly, this var-

iation implies that the results in Figure 4.4 and the rest of this chapter are all for alloy films 

that internally contain a range of compositions. The entire, 21 nm thick film of Figure 4.4 

can be seen to be amorphous, as is also confirmed by the GIXRD measurements, even 

though the composition within the film varies between Ru35Mo65 and Ru50Mo50. This 

shows that the alloy is amorphous over at least this range of compositions.  

SEM images show a fully structureless surface on the Ru43Mo57 films, in full contrast with 

the familiar network of grains and grain boundaries that we observe in SEM images on thin 

films of pure ruthenium or pure molybdenum. In fact, focusing the electron microscope 

on these alloy films was only possible by virtue of special features, such as the edges of 

the films, as the surfaces of the films did not offer any discernable contrast. In order to 

obtain more quantitative information on the height variations, we inspected the surfaces 

of the films with AFM. The upper left panel of Figure 4.5 shows a large-area scan of a 30 

nm thick Ru43Mo57 film. In spite of the large scan range, all height variations are fully cap-

tured by the tight ± 0.7 nm height range of the color bar. The enlarged region shown in 

the upper right panel of Figure 4.5 indicates that there are mild undulations in the height, 

with a typical lateral length scale in the order of 10 nm. The surface roughness of the alloy, 

that can be derived from these images as the root-mean-square (RMS) height variation 

around the average surface plane, is spectacularly low, 0.26 nm. Within the error margins, 

the alloy film seems not to introduce any additional roughness with respect to the rough-

ness of the native oxide on the Si(100) substrate, on which the metal films were deposited. 
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Figure. 4.4 HAADF-STEM image (bottom right panel) and simultaneously measured EDX maps 

on a 21 nm thick film of the Ru43Mo57 alloy (top four panels) for four elements: Ru (red), Mo 

(green), Si (blue) and O (purple). The corresponding concentration curves for Ru and Mo (bottom 

left panel) demonstrate a periodic 15% variation in the composition, with the Mo and Ru con-

centrations changing in antiphase with one another. This variation can also be recognized di-

rectly as the striations in the EDX panels of Mo and Ru. 
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Figure 4.5 The two upper panels are AFM height micrographs obtained on a 30 nm thick film of 

the Ru43Mo57 alloy, with image sizes of 10 μm × 10 μm (left) and 1 μm × 1 μm (right). Both 

images are displayed with the same conversion of height variations into colors, as indicated by 

the color bar. The pattern of parallel lines, vaguely visible in the larger-scale image, are an ar-

tifact resulting from a minor mechanical vibration. The bottom panel compares the values of 

the surface roughness (RMS height variation) for 20 nm thick films of pure Ru, pure Mo and the 

Ru43Mo57 alloy, measured from AFM images with sizes of 1 μm x 1 μm. The lower dashed line 

indicates the surface roughness encountered on the substrate, prior to deposition.  

The roughness of the metal films, including the RuMo alloy, is plotted in the bottom panel 

of Figure 4.5. Each point in the graph is the result of several AFM measurements on a 

different film. Whereas one might have anticipated the Ru43Mo57 mixture to adopt at best 

some sort of average of the roughness values of pure ruthenium and pure molybdenum 

films, and that any tendency to segregate would introduce extra roughness, the data 

clearly shows that the mixed film is significantly smoother than pure ruthenium and pure 

molybdenum. In fact, the alloy does not add any roughness on top of that of the underlying 
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substrate; within the error margin it seems to be even slightly smoother than the sub-

strate. Note, that the alloy film in Figure 4.5 is actually thicker than the films of the two 

pure metals. We investigated a small number of films with a larger thickness, for which we 

find the same trend. For example, a 100 nm film of Ru43Mo57 exhibited a roughness of 0.43 

nm, whereas the roughness of an equally thick, pure Ru film was 0.75 nm.  

4.3 Discussion and conclusion 

There is a simple scenario, sketched in Figure 4.6, that illustrates how the microstructure 

of a film, in particular the film’s polycrystallinity or amorphicity, plays a dominant role in 

the roughness of the film. We start by emphasizing that our observations for pure ruthe-

nium and pure molybdenum films are quite typical. The SEM micrographs and the AFM 

images for the pure metals show, in both cases, a polycrystalline arrangement with a sig-

nificant roughness that is introduced by the grainy morphology of these films, with its typ-

ical network of grain boundary grooves (left panel of Figure 4.6). The increase of the rough-

ness with increasing film thickness for the pure films is a direct consequence of the in-

creasing lateral size of the grains, which is accompanied by increasing height variations22. 

We have also performed a few additional measurements for thicker films, up to film thick-

nesses of 100 nm. The results from those are consistent with what we report in this thesis 

for the thinner films. 

These grain-related aspects are all absent for films with the Ru43Mo57 composition (right 

panel of Figure 4.6), for which both the GIXRD and the TEM data provide atomic-scale 

evidence that they are amorphous. The atomic arrangement of such an amorphous film 

does not suffer from crystal defects such as the familiar grain boundaries, where otherwise 

the structure would be compromised and grooves would develop at the film surface, in 

order to minimize grain boundary energy costs. In fact, for an amorphous film, the oppo-

site might take place. The minimization of the surface free energy by virtue of the transient 

atomic mobility during the (sputter) deposition process may rather lead to surface 

smoothening instead of roughening262. That such smoothening is indeed at play, seems to 

be suggested by the reduction in apparent roughness that the surface of the Ru43Mo57 

alloy film in the TEM micrograph in Figure 4.1 exhibits with respect to its interface with 

the underlying substrate. This also seems to be confirmed by the slightly lower AFM-value 

of the surface roughness of films with that composition with respect to that of the sub-

strate (Figure 4.5), albeit that this modest difference remains within the statistical error 

margin. The observed roughness lies in the range of the height variations that one other-

wise only finds in the case of (near)-ideal layer-by-layer growth or in the case of (near)-

ideal step-flow growth of single crystals. In the layer-by-layer case, usually, the roughness 

progressively increases, which typically washes out the layer-by-layer character within the 
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first ten atomic layers, i.e. the first few nanometers. Also, in step-flow growth, statistical 

variations in the deposition gradually roughen up the surface. The smoothness of the 

Ru43Mo57 alloy film is superior to that of its crystalline counterparts and greatly exceeds 

our expectations. 

 

Figure 4.6 Schematic of the two configurations encountered in this study. (Left) The typical 

structure of a metal film is polycrystalline, characterized by a collection of crystalline grains 

that, together, lead to a rough surface. (Right) The complete absence of grains makes an amor-

phous alloy film extremely smooth269.  

 

As discussed, in the context of the compositional variations, observed in Figure 4.5, our 

measurements indicate that amorphous RuMo layers can be deposited over a relatively 

wide range of compositions, similar to what was found earlier for the Cu-Zr system171. 

These results have implications that can be of relevance for potential applications of Ru 

and Mo coatings, for example in the context of EUV lithography technology. As we men-

tioned already, many problematic properties of thin metal films that limit their perfor-

mance in practice, stem from their grainy nature. These disadvantages are all reduced or 

removed when the film can be made amorphous, providing improvements in terms of 

smoothness, mechanical strength, impermeability, friction and wear, corrosion resistance, 

and other properties. What our results for alloys of ruthenium and molybdenum show, is 

that with the industrially familiar technique of sputter deposition, it is relatively straight-

forward to deposit amorphous alloy films of molybdenum and ruthenium. The amorphicity 

seems to be rather robust with respect to variations in the precise alloy composition, at 

least for this particular combination of metals. From the perspective of applications, this 

even provides some flexibility to optimize the film composition for specific, chemical, 
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optical, or mechanical behavior, while maintaining the amorphous structure and the ac-

companying advantages. 
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Chapter 5 

THERMAL STABILITY OF AMORPHOUS RUTHENIUM 

AND MOLYBDENUM ALLOYS 
 

As explained in the previous two chapters, an amorphous, atomic configuration estab-

lishes an unstable arrangement. In time, such a structure tends to evolve towards ordered, 

i.e. crystalline configurations, which can be accelerated greatly by raising the temperature. 

However, when the temperature is kept low enough, the timescale for this restructuring 

can be long enough to make the amorphous configuration behave as if it were a thermo-

dynamically stable phase. For practical applications of amorphous materials, it is of crucial 

importance to explore the range of temperatures over which the amorphicity remains ro-

bust with respect to crystallization over extended timescales. 

In this chapter, I investigate the effect of heating on the atomic structure, chemical com-

position and compound formation of thin films of two RuMo alloys, deposited on Si(100) 

with a native oxide. For this purpose, I employed scanning electron microscopy, atomic 

force microscopy, transmission electron microscopy and x-ray photoelectron spectros-

copy. I provide evidence that the thin alloy films are stable up to surprisingly high temper-

atures. 
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5.1 Introduction 

Based on the TEM and GI-XRD results in Chapter 4, we concluded that RuMo alloy films, 

produced by sputter co-deposition of Ru and Mo from separate sources, are amorphous 

over a wide range of compositions, at least spanning the range from Ru50Mo50, which is 

close to the eutectic composition246, to Ru35Mo65, which is close to the sigma phase243. As 

usual, this glass ‘state’, especially for metals, is unstable with respect to crystallization, due 

to the strong thermodynamic preference of metals to order. Heating or even just aging of 

metallic glasses, eventually, necessarily results in crystallization. This transformation pro-

ceeds in two steps. First, the nucleation of crystallites takes place, as described by classical 

nucleation theory (Chapter 3). This stage is followed by the subsequent growth of these 

crystallites. Crystallization of an amorphous film does not only alter the internal structure 

but also many physical properties of the system.  

In the context of the investigation of layers of Ru, Mo and alloys of these two metals, in-

cluding amorphous alloys, we are interested in the thermal stability of these films, in par-

ticular in the temperature regime in which the transformation of amorphous films starts 

towards partially or fully crystalline configurations. Additionally, we will keep an eye out 

for possible compound formation at high temperatures, such as we observed in Chapter 2 

for systems containing Mo, Ru and Si. In Chapter 2, we concentrated on the high-temper-

ature rearrangements and dewetting of pure Ru films, pure Mo films, and combinations 

of Ru and Mo films, all on the same substrate, Si(100) with a native oxide. In this chapter, 

we will focus on thin RuMo alloy films. We have selected two different alloy compositions. 

One is Ru43Mo57, which we found in Chapter 4 to be amorphous. The other is Ru77Mo23, 

which is crystalline and serves to compare amorphous versus crystalline behavior. We in-

spected the metal alloy films with SEM and TEM for imaging, EDX and XPS for elemental 

and chemical characterization and TEM for characterization of the crystallinity. 

We will see that even after annealing at 500°C, the amorphous Ru43Mo57 film mostly pre-

serves its glassy structure. In addition to this, a large amount of Si is found to diffuse 

through the metallic films from the substrate for both alloy compositions. Interestingly, 

the Si diffusion through the amorphous film is observed to stop before the Si reaches the 

surface, independently of the annealing temperature and duration. We also find that, at 

high temperatures, both the amorphous and the crystalline alloy film lose contact with the 

substrate and thus, spontaneously, form a free-standing film. 
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5.2 Results and discussion 

We start by concentrating on the structural characteristics of a sputter-deposited 

Ru43Mo57 alloy film, after annealing for one hour at 500˚C. Figure 5.1 shows a cross-sec-

tional TEM image. The image shows that the thickness of the annealed film is approxi-

mately 33 nm, which is significantly thicker than the deposited thickness of 20 nm that the 

film had prior to the annealing. The near-surface part of the film contains two layers with 

different brightness levels from the rest of the film. The outermost ~ 3 nm is clearly 

brighter, while the ~ 5 nm below that is somewhat darker than the interior of the film. 

Below, we will see that these variations correlate with compositional differences. The 

lower panels of Figure 5.1 are enlargements of the two marked regions, one situated 

largely in the darker, near-surface band and the other well within the film. Both regions 

exhibit complete disorder on all length scales, down to atomic dimensions. This visual im-

pression is confirmed by the two-dimensional fast Fourier transforms (2D FFT). Similar to 

our results in Chapter 4 for the freshly deposited film, the broad rings in both FFTs are 

indicative of an amorphous atomic arrangement in both regions and the absence of orien-

tational preferences. Note that the radius of the ring for the near-surface region is slightly 

larger than that for the interior of the film, corresponding to a smaller interatomic distance 

in the near-surface region (0.168 nm) compared to the interior of the film (0.171 nm). On 

the other hand, the interatomic distance was found 0.212 nm for the amorphous film prior 

to annealing in Chapter 4. Closer-packed amorphous arrangements can be attributed to 

the structural adaptation towards a more stable arrangment270 which brings it closer to 

the hypothetical ideal glass 271 A densification of the amorphous network of less than 1% 

as a result of heat treatment was also observed in other studies272,273 but in our case, the 

increase in the density is significantly higher. 
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Figure 5.1 Cross-sectional high-resolution TEM micrograph of the Ru43Mo57 alloy film on the 

Si(100) substrate after annealing for one hour at 500˚C. The white rectangles indicate the re-

gions that are displayed on a magnified scale in the middle panels to emphasize the disordered 

arrangement in the alloy; the bottom panels are the corresponding two-dimensional fast Fou-

rier transforms of these regions. 
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Figure 5.2 HAADF-STEM micrograph (a) and simultaneously acquired elemental EDX maps of a 

Ru43Mo57 alloy thin film on Si(100) with a native oxide after annealing for one hour at 500˚C. 

Green (b), red (c) and blue (d) represent Mo, Ru and Si, respectively. Panels (g) and (f) show 

compositional curves for Mo, Ru and Si along the two lines (areas) in panel (e), which is a com-

posite map, combining the three elements, each indicated by its own color.  
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Figure 5.2 presents HAADF-STEM-EDX measurements on a different part of the same, an-

nealed alloy film. Panel (a) shows the HAADF image of the Ru43Mo57 film, while panels (b), 

(c), (d) display the simultaneously acquired EDX maps for three elements, Mo, Ru, and Si, 

respectively. Panels (f) and (g) show quantitative elemental concentration curves for these 

three elements along the lines, indicated in panel (e). 

Also, the HAADF image in panel (a) shows that the thickness of the annealed film has swol-

len to approximately 33 nm. The reason for the 65% expansion in film thickness with re-

spect to the freshly deposited film can be found in the EDX map in panel (d) for Si, which 

is indicative of significant Si diffusion from the substrate into the film. The film can no 

longer be regarded as a binary alloy of Mo and Ru. The compositional curves in Figure 5.2 

reveal that the film even contains more silicon than Mo and Ru, the composition being 

57% Si, 25% Mo and 18% Ru, with minor compositional fluctuations. The EDX maps in pan-

els (b) and (c) show no traces of Mo and Ru inside the Si substrate. These observations, of 

Si entering the metal film from the substrate, are reminiscent of our observations in Chap-

ter 2 for the thin-film bilayer of Mo and Ru on Si(100) with a native oxide. In that case, we 

found that the Si atoms migrated from the single-crystalline substrate, leaving behind in-

verted pyramidal pits, with no evidence of Mo or Ru atoms migrating into the substrate. 

Also in other studies, Si atoms were identified as the dominant diffusing species in the case 

of molybdenum silicide formation74,75. With reference to the empirical rules in Chapter 3 

for achieving a high GFA114,121, we should expect that, since the introduction of Si from the 

substrate into the RuMo film adds a third element to the binary metal alloy, it should en-

hance the GFA. Additionally, the difference in atomic size between Si and the two metals 

should further add to the GFA. Together, these effects should provide a stabilizing effect 

on the amorphicity of the three-element film with respect to that of the original RuMo 

alloy. 
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Figure 5.3 Detailed XPS peaks of Ru (left) and Mo (right) for a Ru43Mo57 film on Si(100) with a 

native oxide. Top: freshly deposited; center: sputter-cleaned; bottom: at 650°C. 
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film composition 

treatment 

 

Ru43Mo57 

 

Ru77Mo23 

 

Surface after deposition 

at room temp. 

Ru 43% 

Mo 57% 

Si  0% 

Ru 78% 

Mo 22% 

Si  0% 

 

Sputter-cleaned 

surface 

Ru 43% 

Mo 57% 

Si  0% 

Ru 78% 

Mo 22% 

Si  0% 

 

Surface at 650 °C 

Ru 47% 

Mo 53% 

Si 0% 

Ru 41.2% 

Mo 8.6% 

Si 50% 

 

Interface at 650 °C 

Ru 22% 

Mo 26% 

Si 51% 

Ru 25% 

Mo 13% 

Si 62% 

 

Substrate at 650 °C 

 

Ru 0% 

Mo 0% 

Si 100% 

Ru 0% 

Mo 0% 

Si  100% 

 

Table 5.1 Surface and interface concentrations of Ru, Mo and Si for the two RuMo films and 

their substrate, obtained from XPS measurements such as those in Figure 5.3, at various stages 

in the evolution of these films.   

 

The elemental map of Si in Figure 5.2 (e.g. panel (d) and the Si-curves in panels (f) and (g)), 

demonstrates that the Si diffusion through the thin Ru43Mo57 film stopped abruptly, well 

before the Si reached the surface of the film. In the outermost 8 nm of the film, we de-

tected no silicon at all. The absence of silicon in the outermost region also leads to differ-

ences in contrast in the HAADF-STEM micrograph of panel (a), where it shows up brighter, 

and in the high-resolution TEM image in Figure 5.1 where it has a darker appearance. Fur-

ther information comes from high-temperature XPS measurements, such as those shown 

in Figure 5.3. The surface concentrations of Ru, Mo and Si in Table 5.1, obtained from fits 

to the high-temperature XP spectra, show that even at 650˚C, there is still no trace of Si 

on the surface of the amorphous Ru43Mo57 thin film. This complete absence of Si at the 

surface and the abruptness of the drop in Si content inside the film make it difficult to 

explain the Si concentration profile merely by incomplete diffusion, for example as the 

result of a limited annealing temperature or duration. Instead, we interpret the profile as 

an indication that the outermost 8 nm of the film has adopted a special, energetically 
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favorable RuMo composition with a low solubility for Si and an energetic penalty against 

silicide formation. 

Comparing Panels (b) and (c) in Figure 5.1, we see that at the surface of the film, the ele-

mental Mo map extends 2 to 3 nm further than the Ru map and that the very surface does 

not contain Ru. Again, this is reflected in contrast changes in both the high-resolution TEM 

image of Figure 5.1 and the HAADF-STEM image of Figure 5.2. The surface enrichment with 

Mo suggests a further level of phase separation and it may well be that this demixing of 

the alloy plays a role in the later surface-induced nucleation of the crystallization of the 

amorphous alloy film275 (c.f. Chapter 3). 

In Figures 5.1 and 5.2, we further observe that, after annealing, the surface contains pro-

trusions on top of the film. These introduce roughness with respect to the extreme 

smoothness of the as-deposited film. We have observed only a few of these protrusions 

over multiple cross-sectional TEM micrographs along several hundred nm. Elemental map-

ping in Panels (b)-(e) and the selective-area compositional curve in Panel (f) of Figure 5.2, 

which was chosen to run across one of the protrusions, indicate that the protrusions con-

sist of pure Mo without significant contributions of Si or Ru. These Mo clusters may em-

body the next stage in the heterogeneous nucleation of phase separation and crystalliza-

tion of the amorphous alloy phase. In addition to the direct energetic benefits of the seg-

regation and clustering, the structural and compositional changes should be expected to 

also assist in relieving mechanical stress at the surface276, which may add to the driving 

force for surface crystallization. 

An interesting observation in Figure 5.2, is that the image and all EDX maps indicate that 

the film partially detached from the substrate. Also macroscopically, we observed the de-

tachment of alloy films of Mo and Ru with various compositions after annealing at least at 

400°C. In a separate publication, we presented an in-depth analysis of this type of delam-

ination for various thin films, including elemental Mo, Ru, a RuMo alloy and a high-entropy 

alloy of HfMoNbTiZr on Si(100) substrates with a native oxide, and concluded that Ru is an 

essential element at the interface for the thin films to detach from the substrate, the un-

derlying mechanism being based on the formation of Ru silicide274. In chapter 2, I showed 

that the Mo thin films on Si(100) substrate provide better thermal stability compared to 

Ru thin films on the same substrate. We claimed that the interfacial silicide formation 

leads to better adhesion of Mo to Si, which increases the thermal stability for Mo films on 

Si against dewetting. It remains to be investigated, why interfacial silicide formation seems 

not to generate a similarly strong adhesion of Ru thin films to Si substrates. We assume 

that this is connected with the tendency for Ru-containing films to delaminate from Si and 

speculate that the common origin for both phenomena lies in the generation of high com-

pressive stress during Ru silicide formation. 
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As a result of this annealing-induced detachment, we found that it was possible to readily 

exfoliate annealed alloy films over macroscopic distances, simply by use of tweezers. This 

resulted in freestanding flakes with lateral dimensions in the centimeter regime, as can be 

seen in Figure 5.4. Here, we will not discuss possibilities for practical applications of this 

method to generate macroscopic, ultrathin metal foils, but rather use the easy delamina-

tion as a convenient way to inspect not only the outer surface of the film but also its inter-

face to the substrate, as well as the underlying substrate itself.  

 

Figure 5.4  Photograph, showing a pair of tweezers (dark object coming in from the top) that 

holds a freestanding, metallic thin film of Ru77Mo23 with a thickness of 200 nm, after annealing-

induced delamination at 700˚C from the oxidized Si(100) substrate. 

 

Figure 5.5 presents SEM images of the free-standing thin Ru77Mo23 film that was obtained 

by annealing the system for one hour to 700˚C. The images were taken on the surface of 

the delaminated alloy film (upper panels), on the thin-film side of the film-substrate inter-

face (middle panels), and on the substrate side of that interface (bottom panels), each 

time with a larger-scale image on the left and a higher magnification on the right. The 

upper SEM images, in particular the one in the upper right panel, show granular structures, 

which should be regarded as the typical signature of the nanoscale polycrystallinity of the 

annealed metal film. The average grain size is approximately 17 nm. At the interface (mid-

dle panels), the film exhibits a characteristic pattern of smaller and larger features, the 

larger ones appearing as craters, with a lateral length scale of several m, significantly 

exceeding the 200 nm thickness of the film. Note, that these features do not show up in 

any way at the surface of the film (upper panels). As the bottom panels show, the ’craters’ 

are also not reflected on the side of the substrate that became exposed after the delami-

nation. Instead, on that side, we observe pyramidal craters in the substrate, similar to the 

ones we observed in Chapter 2 for the bilayer thin films of Mo and Ru on oxide-covered 

Si(100), after annealing at and above 700°C. The pyramidal pits in Chapter 2 were 
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identified as etch pits in the (100) surface, each one formed by four {111} surfaces, the 

low-energy surfaces of Si. The Si missing from the pits was found to be incorporated in 

silicide ‘nano-flowers’ that covered the pits and the central part of each flower was found 

to be freely suspended over its own pit. The mechanism that we proposed in Chapter 2 for 

the formation of these structures was that, at elevated temperatures, Si atoms would be 

able to diffuse through specific defects in the native oxide that covered the Si substrate. 

This would bring them in touch with the Mo layer and enable them to form a silicide, a 

process that would radially convert the metal film, with the defect in the oxide layer mark-

ing the central location, i.e. the center of both the nano-flower and the pyramid. The rug-

ged shape of the ‘base’ of the pyramidal pit in the bottom right panel of Figure 5.5 seems 

to indicate that the delamination process has still left behind a thin overlayer on the Si 

substrate that seems to establish a minor overhang over the edges of the pyramidal pit 

and thus to hide these edges from view. The bright decoration of the rugged edge may 

indicate a reduced electrical conductivity of the film with respect to the Si substrate, mak-

ing the overhanging parts of the film charge up and enhancing their secondary electron 

emission in comparison with the regions where the film is in contact with the substrate. 

The XPS results that we discuss below, indicate that this film cannot be the native oxide 

that originally covered the Si substrate. 

The surface and interface compositions in Table 5.1 were derived from in-situ XPS meas-

urements, partly taken at an elevated temperature of 650°C. These measurements were 

conducted both on a fully amorphous Ru43Mo57 film and on a nano-crystalline Ru77Mo23 

film. After the annealing, both films were lifted off from the substrate, while we kept the 

system in an ultrahigh vacuum, thus allowing us to investigate the interface, surface, and 

substrate compositions without exposure to ambient conditions during or after the an-

nealing and delamination. Whereas the overall evolution of the amorphous alloy is similar 

to that of the nano-crystalline, Ru-rich alloy, there is a significant difference between the 

two at 650°C, where the surface of the amorphous film contains no Si, while Si has already 

reached a concentration of 50% at the surface of the nano-crystalline film. Another obser-

vation of interest is that the XPS spectra after exfoliation show SiO2 signals at the interface 

only on the thin-film side but not on the substrate side (not shown in Table 5.1). This indi-

cates that the films delaminate from the Si substrate together with its native oxide. How-

ever, as the bottom SEM images in Figure 5.5 show, the substrate that is exposed after 

annealing-induced delamination seems still to be covered by a thin overlayer. The XPS 

spectra on the exposed substrate (Table 5.1) also do not contain signals from Ru or Mo, 

which also excludes the possibility that the overlayer would be a thin metal or metal sili-

cide film. 
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Figure 5.5 SEM micrographs, taken after the delamination of a 200 nm thick free-standing 

Ru77Mo23 alloy film annealed at 700°C. The upper two images show the outer surface of the 

delaminated film. The middle two images were taken on the interface between the film and the 

substrate. The bottom two images present the Si(100) substrate after the delamination of the 

thin film. 
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5.3 Conclusions 

In summary, we used multiple techniques to investigate the thermal evolution of thin alloy 

films of Ru and Mo, obtained by sputter co-deposition on Si(100) substrates with a native 

oxide. High-resolution TEM images and the corresponding 2D-FFTs showed that the amor-

phous alloy film, Ru43Mo57, preserves amorphicity after annealing at 500°C. STEM-EDX 

mapping reveals that, during the annealing, a high concentration of Si is incorporated in 

the alloy films, which originates from the underlying substrate. The introduction of Si in 

the amorphous MoRu alloy is thought to increase the GFA of the alloy by introducing an 

extra element with a much smaller atomic size.  

Based on the EDX mapping and the XPS spectra of the annealed films, we also concluded 

that the migration of the Si stops before it reaches the surface of the amorphous film, 

while the more Ru-rich alloy, Ru77Mo23, was found to contain a dominant amount of silicon 

on the surface. This rejection of Si at the surface of the amorphous film could be interest-

ing as a practical means to keep surfaces of Si-containing materials clean of Si, thus poten-

tially avoiding some of the undesired phenomena that are typical for Si-containing struc-

tures in EUV lithography applications.  

Finally, at high temperatures, both the nano-crystalline and the amorphous alloy film lose 

contact with the substrate, which we ascribe to the formation of Ru silicide. This delami-

nation behavior may serve as a practical approach towards the production of free-stand-

ing, ultrathin metallic films. 
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Summary 
 

One of the elements of modern technology that plays an ever more important role in our 

society is formed by microchips. To date, these integrated circuits are essential compo-

nents of nearly every technological product. Further increases in microchip process power 

require continued miniaturization of the dimensions of the transistors that make up these 

devices. This is currently achieved by state-of-the-art photolithography machines that 

make use of extreme ultraviolet (EUV) light. These machines establish one of the most 

advanced technologies, ever developed. Their complexity is accompanied by a number of 

scientific challenges that need to be addressed in the context of further developments. 

Some of these concern the multilayer mirrors and pellicles. These critical, optical compo-

nents consist of stacks of ultrathin layers of materials of no more than a few nanometers 

thickness. The harsh operating conditions within the lithography machines, in particular 

the cocktail of highly energetic EUV photons and hydrogen gas plus the resulting plasma, 

can lead to progressive degradation of these thin-layer components. Unraveling these 

degradation phenomena requires basic surface- and material-science investigations at the 

very forefront of our current knowledge.  

The optical lifetime of EUV mirrors and pellicles forms the motivation for the particular 

focus in this thesis on nanolayers made of Si, Mo and Ru. We concentrated on the thermal 

consequences of the operation conditions on the stability of these materials. On the na-

nometer and the atomic scale, this requires us to understand dewetting, the phenomenon 

that a layered structure breaks up into agglomerates. We combine our investigations with 

a keen eye for potential solutions. 

In Chapter 2, I investigate the thermal evolution of ultra-thin nanolayers of elemental Mo 

and Ru as well as bilayers of Ru on top of Mo on Si(100) substrates with a native oxide. 

While Ru nanolayers already show the first signs of dewetting, in the form of hole for-

mation, at 600°C, Mo thin films are found to exhibit somewhat better thermal stability and 

only dewet at 800°C. Based on its infrared optical properties and its good resistance 

against oxidation, Ru top layer is required for application in many EUV optics elements. In 

an attempt to implement the benefits of both materials, Ru and Mo, we introduce an ultra-

thin Mo film as an interlayer between a Ru top layer and a naturally oxidized Si wafer. As 

we hoped, the silicide formation at the Mo-Si interface provides a better adhesion that 

improves the thermal stability, not only of an individual Mo nanolayer but also of the Ru-

on-Mo bilayer. We further find that both the elemental Mo nanolayers and the bilayer thin 

films exhibit unusual morphologies after annealing to sufficiently high temperatures. For 

the individual Mo-layer and bilayer systems, we observe structures that we refer to as 

double-layer dewetting and nano-flowers, respectively. 
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On a microscopic scale, metal films are usually polycrystalline, i.e. they consist of crystal-

line grains that are each internally ordered but all have different orientations. The macro-

scopic film properties are often affected or even dominated by the boundaries between 

these grains that influence the thermal, chemical and mechanical properties and stability 

of polycrystalline layers. A simple but effective structural alternative, a metallic glass, 

should avoid the detrimental effects of grain boundaries, simply by avoiding crystallinity 

altogether. In Chapter 3, I provide an overview of the thermodynamic considerations that 

are used to interpret the thermal evolution of amorphous and polycrystalline materials. 

While the non-equilibrium character of glassy arrangements makes these very difficult to 

achieve and maintain for pure, elemental metals, they can be obtained for a number of 

metal alloys, for example by applying extremely high cooling rates from the melt. 

In Chapter 4, I show that an amorphous arrangement can be achieved readily for a binary 

metal alloy of Mo and Ru, by employing the straightforward, industrial technique of sput-

ter deposition. We find that the amorphous films display superior smoothness with re-

spect to traditional, polycrystalline films.  Finally, in Chapter 5, I demonstrate that the ther-

mal stability of the amorphous alloy films is surprisingly good, qualifying them as a prom-

ising material to consider for a variety of applications.
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Samenvatting 
 

Een van de elementen van moderne technologie die een steeds belangrijkere rol speelt in 

onze samenleving wordt gevormd door microchips. Tegenwoordig zijn deze geïntegreerde 

schakelingen essentiële componenten van bijna elk technologisch product. Verdere ver-

betering van de rekenkracht van microchips vereist voortdurende miniaturisatie van de 

afmetingen van de transistoren, waaruit deze bestaan. Dit wordt momenteel bereikt door 

ultramoderne fotolithografiemachines die gebruik maken van extreem ultraviolet (EUV) 

licht. Deze machines vertegenwoordigen een van de meest geavanceerde technologieën 

die ooit zijn ontwikkeld. Hun complexiteit komt met een aantal wetenschappelijke uitda-

gingen die moeten worden aangegaan om verdere ontwikkelingen mogelijk te maken. 

Sommige hiervan hebben betrekking op de multilaag-spiegels en de zogenaamde ‘pel-

licles’. Deze essentiële, optische componenten bestaan uit stapelingen van ultradunne 

materiaallagen, elk niet meer dan enkele nanometers dik. De aggressieve bedrijfsomstan-

digheden in de lithografiemachines, met name de cocktail van hoogenergetische EUV-fo-

tonen en waterstofgas plus het resulterende plasma, kunnen leiden tot voortschrijdende 

degradatie van deze dunnelaag-componenten. Het ontrafelen van deze degradatiever-

schijnselen vereist fundamenteel oppervlakte- en materiaalwetenschappelijk onderzoek 

aan de grens van onze huidige kennis. 

De optische levensduur van EUV-spiegels en -pellicles vormt de motivatie voor de speci-

fieke focus in dit proefschrift op nanolagen gemaakt van Si, Mo en Ru. We concentreren 

ons op de thermische gevolgen van de bedrijfs-omstandigheden op de stabiliteit van deze 

materialen. Op de nanometer- en de atomaire schaal vereist dit dat we ontvochtiging (Eng. 

dewetting) begrijpen, het verschijnsel dat een gelaagde structuur uiteenvalt in agglome-

raten. We combineren ons onderzoek met een scherp oog voor mogelijke oplossingen. 

In Hoofdstuk 2 onderzoek ik de thermische evolutie van ultradunne nanolagen van ele-

mentair Mo en Ru, evenals dubbellagen van Ru bovenop Mo op Si(100)-substraten met 

een natuurlijk oxide. Terwijl Ru-nanolagen al de eerste tekenen van ontvochtiging verto-

nen, via de vorming van gaatjes, bij 600°C, blijken Mo dunne films een wat betere thermi-

sche stabiliteit te vertonen en pas te ontvochtigen bij 800°C. Op basis van zijn infrarood-

optische eigenschappen en zijn goede weerstand tegen oxidatie, is een Ru toplaag vereist 

voor toepassing in veel EUV-optische elementen. In een poging om de voordelen van beide 

materialen, Ru en Mo, te combineren, introduceren we een ultradunne Mo-film als tus-

senlaag tussen een Ru-toplaag en een natuurlijk geoxideerde Si-plak. Zoals we hoopten, 

zorgt de vorming van silicide op het Mo-Si-grensvlak voor een betere hechting die de ther-

mische stabiliteit verbetert, niet alleen van een individuele Mo-nanolaag, maar ook van de 
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Ru-op-Mo-dubbellaag. We vinden verder dat zowel de elementaire Mo-nanolagen als de 

tweelagige dunne films ongebruikelijke morfologieën vertonen na verhitting tot vol-

doende hoge temperaturen. Voor de individuele Mo-laag en het dubbellaagsysteeem ne-

men we structuren waar, die we respectievelijk dubbellaag-ontvochtiging noemen en na-

nobloemen. 

Op microscopische schaal zijn metaalfilms meestal polykristallijn, d.w.z. ze bestaan uit kris-

tallijne korrels die elk intern geordend zijn maar allemaal verschillende oriëntaties hebben. 

De macroscopische eigenschappen van zo’n metaallaag worden vaak beïnvloed of zelfs 

gedomineerd door de grenzen tussen deze korrels die de thermische, chemische en me-

chanische eigenschappen en stabiliteit van polykristallijne lagen beïnvloeden. Een eenvou-

dig maar effectief structureel alternatief, een metallisch glas, zou de schadelijke effecten 

van korrelgrenzen moeten vermijden, simpelweg door kristalliniteit helemaal te vermij-

den. In Hoofdstuk 3 geef ik een overzicht van de thermodynamische overwegingen die 

worden gebruikt om de thermische evolutie van amorfe en polykristallijne materialen te 

interpreteren. Hoewel het niet-evenwichtskarakter van glasachtige structuren het zeer 

moeilijk maakt om deze te bereiken en handhaven voor zuivere, elementaire metalen, 

kunnen ze voor een aantal metaallegeringen worden verkregen, bijvoorbeeld door ex-

treem hoge afkoelsnelheden uit de smelt toe te passen. 

In Hoofdstuk 4 laat ik zien dat een amorfe structuur gemakkelijk kan worden bereikt voor 

een binaire metaallegering van Mo en Ru, door gebruik te maken van de industriële stan-

daardtechniek van sputterdepositie. We vinden dat de amorfe films een superieure glad-

heid vertonen in vergelijking met traditionele, polykristallijne films. Tot slot laat ik in 

Hoofdstuk 5 zien dat de thermische stabiliteit van de amorfe legeringsfilms verrassend 

goed is, hetgeen ze kwalificeert als een veelbelovend materiaal om in overweging te ne-

men voor een verscheidenheid aan toepassingen. 
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