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INTRODUCTION

MOTIVATION

In 1959, during an annual meeting of the American Physical Society, American
Nobel laureate Richard Feynman gave a lecture entitled ‘There is plenty of room at
the bottom’ [1]. During his talk, Feynman described a ‘new field of physics’, based
on the manipulation and control of atoms at the nanoscale, and stated that ‘atoms
on a small scale behave like nothing on a large scale, [...] so as we go down to the
atomic level, we are working with different laws, and we can expect to do different
things’. In this famous and celebrated lecture, Feynman was the first to describe
a scientific discipline that later would be known as nanotechnology [2]. Towards
the end of the 20th century, intensive research in the field of nanotechnology
led to breakthroughs in several industries, such as electronics and computing,
medicine and healthcare, renewable energy, aerospace, and transportation [3]. To
the present day, nanotechnology has been one of the main enabling forces behind
the technological advancements of the 21st century [4]; also, it plays a fundamental
role in everyday high-tech devices, such as laptops, smartphones and batteries.

Within nanotechnology, thin films – layers of materials with a thickness ranging
from tens of microns down to a few nanometers – occupy a central position
[5]. In general, thin films are employed to enhance or modify the properties of
bulk materials [6]. The deposition of a layer with specific physical and chemical
properties leads to improved functionality, designed to precise requirements. The
versatile platform offered by thin-film technology to enhance, functionalize and
tailor the performance of bulk materials has led to major improvements in a
wide variety of applications. For instance, thin films enhance the hardness
[7], wear- and corrosion-resistance of the surface [8, 9] without altering the
bulk characteristics. In addition, the precise surface-engineering offered by thin
films leads to improved conductivity [10], optical transmission [11], magnetic
properties [12], and mechanical behavior [13], thus expanding the applicability and
performance of bulk materials in numerous fields.

One of the most fascinating aspects of thin-film technology is the optimization of
macroscopic properties through modifications at the nanoscale. The development
of coatings with characteristics tailored to the application, often referred to as
functional thin films [14], requires precise control over the physics and chemistry
at the atomic level. Parameters such as the detailed arrangement of the atoms
and molecules, the presence of defects, dopants and contaminants, the thickness
of the film, and the interaction with the environment define the film properties,
and their contribution determines the performance in the desired application.
In this framework, thin films of metals and alloys are a good example of

1



2 INTRODUCTION

functional coatings, which form an active area of fundamental research and are
widely employed in industrial applications. Metallic thin films are employed
in the semiconductor industry as interconnects, contacts, adhesion layers, and
diffusion barriers within various devices, such as integrated circuits and memories,
transistors, and light-emitting diodes [15, 16]. In the renewable energy sector,
metallic thin films enhance light absorption and carrier extraction in photovoltaic
and thermoelectric devices, in their function as substrates, reflective back contacts,
and electrodes [17, 18]. Moreover, considerable attention has been recently
devoted to thin films of alloys with multiple principal elements, which have
shown remarkable features such as high thermal and chemical stability at elevated
temperatures, superior hardness, wear- and oxidation resistance [19–22]. These
functional properties are directly linked to the nanoscale structure of the materials,
and should therefore be accessible for modification.

An example where tailored properties at the nanoscale have major impact on
the macroscopic performance can be found in the context of the fabrication of
microprocessors and memory modules. In particular, functional thin films are
currently employed in sensitive components of state-of-the-art photolithographic
machines for the production of the more sophisticated electronic devices [23]. In
the advancement to extreme ultraviolet light (EUV, λ = 13.5 nm) [23], transmission
lenses are no longer an option, and coating technology became even more
essential. One of the more prominent cases are EUV optics, which reflect EUV
light via constructive interference produced by an array of alternating thin films
with a thickness of just a few nanometers [24, 25]. Moreover, the high level of
atomic-scale control over interface processes prevents detrimental intermixing that
would cause loss in EUV transmission. Additionally, to withstand the challenging
environment of EUV lithography, the EUV protective coatings are functionalized
for high oxidation resistance and emissivity, thermal and chemical stability, and
low EUV absorption [26, 27].

The space industry is another example where functional coatings are employed
to enhance properties at the macroscopic level. Materials used in spacecraft
applications experience a wide variety of detrimental and challenging conditions,
such as exposure to electromagnetic radiation and ionizing particles, strong
temperature variations, hot-cold thermal cycles, presence of contaminants, space
debris, and reactive radicals, such as atomic oxygen [28]. In this framework,
functional metallic coatings enable spacecraft devices to withstand the challenging
space environment, not only as protective layers [28, 29], but also as essential
detectors’ components [30, 31]. For instance, in the case of the recently-launched
James Webb Space Telescope (JWST) [30], both the primary and secondary mirrors
of JWST are coated with a 100 nm thick gold film. The function of the gold layer
is twofold: protecting the mirror from oxidation and other chemical degradation
processes in space, and enhancing the reflectivity in the near and mid-infrared
spectral ranges [28]. In order to perform its functions, the gold film needs to
possess well-defined properties at the nanoscale, like thickness-uniformity, low
surface roughness, low thermal and mechanical stress, and high durability at
cryogenic temperatures [31].
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Furthermore, improving macroscopic materials properties by tailored modifica-
tions at the atomic level is considered a promising approach in the context of the
latest-generation nuclear fusion reactors, which hold promise to bring us closer
to a new source of clean energy production. In particular, the walls of the
reactor heat exhaust system need to withstand extreme temperatures, particles,
ions, and plasma fluxes [32], with materials expecting to undergo irreversible
changes in structure and morphology. The latter include damage mechanisms
such as hydrogen-induced blistering [33], sputter erosion [34], and undesired
formation of nanostructures [35]. These degradation processes lead to critical
lifetime issues for fundamental components, which therefore require materials with
specific properties [35]. Thin-film technology allows the necessary flexibility to
functionalize and enhance the physical and chemical characteristics of selected
reactor walls materials, such as tungsten (W) and tungsten-based alloys [36,
37]. In fact, various studies have demonstrated that precise control over the
microstructure, morphology, and inclusions of inert and noble gases (N, Ne, and
Ar) can dramatically improve the performance of tungsten-based alloys as diffusion
and retention barriers, and increase their resistance against wear and erosion
under fusion conditions [36, 38].

Controlling and modifying the atomic scale has been a successful pathway to
influence the macroscopic behavior of materials. In particular, functional coatings
need to possess specific physical and chemical properties at the nanoscale,
tailored to the intended application and its environment. In this context, a basic
comprehension of atomic-level properties is necessary to allow for deterministic
materials engineering, so that the control over the nanoscale meets performance
in everyday life.

OUTLINE
In this thesis, the focus is on functionalizing the macroscopic properties of
metallic thin films via tailored modifications at the nanoscale. In particular, these
modifications are shown to have a dramatic impact on the coatings’ physical and
chemical properties at the macroscale. For instance, they play a major role in a
wide variety of applications such as free-standing membranes, corrosion-resistant,
hard, and optically transparent coatings. In chapter 1, the main thin-film deposition
techniques employed in this thesis are reviewed, with emphasis on their major
advantages/drawbacks and the implications for the deposition of metals and alloys.
Moreover, the most important kinetic mechanisms governing film formation are
discussed. In fact, effectively modifying the growth kinetics yields customized film
properties at the nanoscale, such as tunable level of atomic order/disorder, and
dramatic changes in the coatings’ macroscopic behavior. Furthermore, the effects
of stress buildup and relaxation in thin films are addressed. On the one hand,
such mechanisms can generally lead to catastrophic failures in the material; on
the other, they can be exploited and engineered as an innovative pathway towards
the production of functional components. In chapter 2, a delamination process of
metallic thin films upon annealing is explained within a nanoscale framework. A



4 INTRODUCTION

stress-based mechanism induced by intermixing and diffusion is proposed, and an
innovative strategy to produce macroscopic free-standing nanolayers is suggested.
In chapter 3, a novel design approach to functionalize metallic thin films is
explored, namely tuning atomic structural disorder by off-equilibrium growth. The
approach is applied to a simple binary alloy model system, and the influence on
optical, electronic, and corrosion-resistance properties is investigated. The concept
is further expanded in chapter 4 to include thin films of a multi-component alloy.
The applicability of atomic disorder as parameter to tailor thin-film properties to
specific applications is investigated for high-entropy alloys, a class of materials that
goes beyond the traditional concepts of alloying.
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1
A BRIEF REVIEW ON THIN-FILM

DEPOSITION, GROWTH KINETICS, AND

STRESS DEVELOPMENT IN COATINGS

1.1 THIN-FILM DEPOSITION TECHNIQUES

Several techniques have been developed to fabricate thin films, each offering
unique advantages and capabilities. Physical vapor deposition (PVD) methods
for thin-film fabrication are versatile, straightforward, and characterized by a
controllable nature. In PVD, a solid material is vaporized via thermal or non-thermal
processes; the evaporated species subsequently condense on a substrate, where
the thin film grows. Specifically, PVD methods have proven very successful in
depositing thin films of pure metals, alloys, semiconductors, and ceramics with
application-oriented properties. In this thesis, metallic thin films have been
deposited employing two of the most common PVD techniques, namely sputter
deposition and pulsed laser deposition. Sputter deposition is a simple and reliable
technique, excellent for producing high-quality layers of most common metals and
alloys with well-defined characteristics. Pulsed laser deposition has been chosen
due to its capability to enhance off-equilibrium and reactive growth, opening up
new pathways in the fabrication of thin films with customized properties. In
the next sections, the basic physical principles of these methods are presented,
together with a brief discussion of the major advantages and drawbacks.

1.1.1 SPUTTER DEPOSITION

When considering PVD techniques for high-quality thin-film fabrication, sputter
deposition stands out as a versatile, precise, and reliable method, employed
both in fundamental research and industrial applications. For instance, in the
semiconductor industry, it is currently used for metal interconnects, diffusion
barriers, and passivation layers in integrated circuits and photovoltaics [1]. The
optics and photonics sector relies on sputter deposition for the fabrication of
optical coatings, including anti-reflective coatings and high-reflectivity mirrors [2].
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Additionally, it finds application in the automotive industry for decorative coatings
and anti-corrosion layers [3, 4]. Furthermore, sputter deposition plays a crucial
role in the production of transparent conductive films for touchscreens, LCDs, and
OLEDs [5]. Sputter deposition enables the fabrication of coatings with high level
of purity, excellent uniformity and density over large areas, good adhesion, and
conformity to the substrate [1].

The technique is based on the physical vaporization of atoms from the surface
of a target material via momentum transfer of highly energetic particles, usually
ions accelerated in an electric field [1, 6, 7]. A common sputter-deposition setup
is schematically depicted in Figure 1.1. The target material and the substrate are
facing each other in a vacuum chamber, with a typical base pressure in the range
of 10-6-10-8 mbar. The chamber is backfilled with a process gas, usually argon
(Ar), with a pressure of up to a few mbar. Then, a negative electrical potential of
several hundreds of volts is applied to the target (cathode), while the substrate
is grounded (anode). In this configuration, free electrons are accelerated away
from the target, colliding with the process gas atoms and causing their ionization
to form positively charged ions (Ar+). The latter are accelerated towards the
cathode by the electric field, carrying enough kinetic energy to sputter atoms from
the surface of the target, which are preferentially ejected in the direction of the
substrate. Here, the evaporated material condenses to form a thin film. The
characteristic light glow observed during the deposition process is the result of the
Ar+ ions recombining with free electrons, causing the emission of photons with a
well-defined wavelength.

The sputter deposition process can be enhanced and optimized in several ways:
an effective and well-established method is the implementation of magnetrons in
the source [4, 8]. In this configuration, a magnetic field is applied parallel to the
target surface, confining the electrons in the plasma near the surface (Figure 1.1).
This has two main advantages: first, the plasma is concentrated and focused
near the target, resulting in higher ion density, sputter-yield, and thus deposition
rates [6, 8]. Secondly, negatively charged particles can be directed away from the
substrate (e.g. highly ionized oxygen molecules), preventing contamination and
improving the quality of the film [8]. Another variation of the method is reactive
magnetron sputtering, where a small amount of a reactive gas (for example oxygen
or nitrogen) is added to the process gas. The sputtered species will therefore form
compounds upon ejection from the target and condense on the substrate to form
thin films of composites such as oxides or nitrides [6].

The core of the sputter deposition technique is the interaction between the
ions and the target surface. An impinging ion can sputter atoms and clusters,
be reflected, penetrate, or be trapped in the material [9, 10]. In particular,
the ions transfer energy to the target atoms via a series of elastic and inelastic
collisions. Sputtering eventually occurs when the energy transfer from an ion is
high enough to overcome the surface binding energy [9]. Parameters such as ion
energy, atomic mass, binding energy, and preferential crystallographic orientation
of the target strongly affect the sputtering yields [9, 11]. This is critical for the
deposition of multi-element compounds like oxides and alloys, often resulting in
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Figure 1.1 (Left) Sketch of a typical sputter deposition setup: in a vacuum chamber
backfilled with Ar, a strong negative electric potential is applied between target and substrate,
causing the ionization of the process gas and the formation of a plasma. Positively
charged Ar ions are accelerated towards the target, causing the sputtering of atoms, which
are preferentially ejected towards the substrate. Here, the evaporated species condense and
nucleate a thin film. (Right) Sketch of the magnetron sputter deposition configuration: a
magnetic field is applied parallel to the target to enhance deposition rates and confine
negatively charged species.

large compositional variations between target and coating, a phenomenon referred
to as ‘preferential sputtering’ [9]. In particular, the ion-target interaction governs
the kinetic energy and angular distribution of the sputtered atoms [9, 11]. For
common operating conditions, the energy of the ions generated in the plasma
peaks at around 1 keV, leading to the sputtering of multiple target atoms with an
average kinetic energy lying in the range of 1-10 eV [9, 11, 12]. Additionally, other
parameters can influence the properties of the sputtered atoms. For instance, the
ejected species crossing the distance between the target and substrate (typically
a few cm) will further interact with the background process gas and plasma
environment [1]. Scattering processes will occur at sufficiently high pressures (in
the range of 10-2-10-3 mbar), and result in a reduction of kinetic energy and
spreading of the angular distribution of the emission [1, 12].

At the substrate, the kinetic energy of the incoming species combined with other
deposition parameters such as the substrate temperature have a major impact
on the film properties. For example, they strongly affect the adatom mobility,
which in turn influences the morphology and microstructure of the coating [8].
In fact, at low mobility, the atoms impinging on the substrate will most likely
remain close to the arriving location, having a low probability of overcoming the
typical surface diffusion barrier. This leads to the formation of small crystallites
with no preferential crystallographic orientation, resulting in low-density and
rough films [8]. On the other hand, providing the system with more energy, for
instance by increasing the kinetic energy of the incoming atoms and substrate
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temperature, generally leads to increased mobility, which favors the growth of
large, compact crystalline islands. The resulting films tend to be denser, smoother,
and atomically-oriented, with a more complicated microstructure that depends
on kinetically determined processes like cluster diffusion and grain boundary
migration [8]. The ability to tune the coating microstructure during growth has
a strong impact on various macroscopic material properties, such as hardness,
ductility, tribological behavior, and corrosion resistance [13].

One of the main advantages of sputter deposition is the possibility to customize
the setup geometry to specific requirements. Many crucial parameters for the film
growth (namely energy fluxes and sputtering yields) are affected by geometrical
factors such as anode size, configuration of the magnetic fields, and spacing
between target (or substrate) and chamber walls [14]. Sputter deposition combines
a long-lasting, geometrically-flexible source with high reproducibility and versatility,
making it ideal for various in-line vacuum systems [1]. The latter is specifically
one of the reasons why this technique is globally employed in industrial assembly
and production lines. Moreover, other advantages are [1]: the flexibility in the
choice of the target, as almost any solid material can be sputtered, including
raw elements, alloys, and compounds; the possibility to perform large-area
depositions (up to hundreds of cm2) in specific configurations; and the option to
incorporate techniques for in-situ surface preparation and monitoring. However,
sputter deposition is also subject to some limitations: for instance, the growth
of complex systems, namely multi-component alloys or oxides, is hindered not
only by the size and number of the targets, which can be highly expensive, but
also by the limited available parameters that can be tuned in the deposition
process. In some cases, achieving the desired film properties such as correct
stoichiometry or microstructure can be quite difficult. Moreover, the characteristic
atom-by-atom growth and the relatively low energies involved in the deposition
process make the stabilization of off-equilibrium phases challenging. In this
framework, the constraints of the sputtering method could be overcome by other
techniques. Pulsed laser deposition (PLD) is a good candidate to mitigate some of
the limitations mentioned above, e.g. the ability to easily produce thin films in
off-equilibrium phases, thanks to the wider range of growth possibilities.

1.1.2 PULSED LASER DEPOSITION

Among PVD techniques developed for thin-film growth, pulsed laser deposition
has attracted considerable interest in the past few decades thanks to its versatility,
reproducibility, and high level of control over the growth conditions [15]. The
application of a laser-assisted deposition technique dates back to 1965 when its
viability for optical thin-film deposition was first demonstrated [16]. Subsequently,
the successful growth of high-quality epitaxial thin films of Hg0.7Cd0.3Te in 1983
[17] and Y-Ba-Cu-based high-temperature oxide superconductor thin films in 1987
[18] marked the beginning of considerable advances in this field. Pulsed laser
deposition has now evolved into a well-established method for growing high-quality
thin films encompassing a wide variety of materials, including complex oxides,
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metals and alloys, and semiconductors [19, 20].
Conceptually, pulsed laser deposition is a simple technique: Figure 1.2 depicts

a schematic of the system and process. A high-intensity laser beam is focused
on a stoichiometric target material located inside a vacuum chamber. If there is
sufficient energy absorption at the chosen wavelength, the interaction between the
laser and target leads to the ablation of the material and the formation of a plasma
plume that expands away from the target, condensing on the substrate (Figure 1.2).
Here, if optimal physical and chemical conditions are met, a stoichiometric thin
film grows. Typical laser systems used in PLD are based on gas, such as KrF
(λ=248 nm) and ArF (λ=193 nm) excimers, and solid-state materials, such as
neodymium-doped yttrium aluminum garnet (Nd:YAG, λ=1064 nm). In these
cases, the pulse duration varies between 10 ns and 25 ns, which has been proven
to be an optimal range for target ablation, plasma formation, and subsequent
thin-film growth [21]. While the concept may seem straightforward, the details of
the physical processes that govern pulsed laser deposition are rather complicated.
Three main steps can be identified: (i) laser beam interaction with the target
material, (ii) plasma formation and expansion, and (iii) film nucleation and growth
[21–23].

The laser light absorption by the target material is governed by various
mechanisms, both thermal and non-thermal, occurring on different time scales.
In this framework, the main non-thermal mechanism consists of electronic band
transitions, i.e. the excitation of electrons by incoming photons. This process
dominates the initial phase of the laser-target interaction. Excited electrons relax
by rapidly transferring energy to the lattice via electron-phonon coupling, thus
converting electronic excitations into thermal energy on a picosecond timescale.
This leads to the fast heating of the material, which occurs within the optical
absorption depth defined as 1/α, where α is the optical absorption coefficient.
During this phase, for a typical ablation process in PLD, the temperature of
the irradiated area on the target reaches several thousands of Kelvin, resulting
in the surface local melting and evaporation. As a consequence, the material
is ejected through a combination of electronic and thermal processes, and a
dense vapor cloud is formed. Thermal energy causes material evaporation, while
electronic excitations lead to the desorption of molecules and clusters. Therefore,
in comparison to sputtering, laser ablation is the result of a solid-liquid-vapor
transition.

The mechanisms of laser absorption and material evaporation typically occur in
tens of picoseconds [21]. If the laser pulse duration is a few tens of nanoseconds,
as is common for most PLD systems, the evaporated material further interacts
with the laser beam. Incoming photons are absorbed in the initial vapor phase,
promoting the generation of additional free electrons and ions by means of
processes such as photoionization (electron ejection due to the absorption of a
photon), and inverse Bremsstrahlung (electron excitation as a result of collisional
energy transfer). This results in an increased level of ionization, and eventually
leads to the formation of a plasma. The further absorption of the incoming
photons increases the plasma temperature and density, resulting in the formation
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Figure 1.2 (Left) Sketch of the pulsed laser deposition setup employed in this thesis: a
high-intensity laser beam (here: KrF excimer with wavelength λ=248 nm) is focused on a
target, resulting in the ablation of the material, the formation of a plasma plume and
deposition onto a substrate. (Right) Photo of the plasma plume expanding from the target
on the right towards the substrate on the left. The photo was taken during a thin-film
deposition in the PLD setup at ARCNL (Credit: Roland Bliem).

of the so-called Knudsen layer [21, 24]. In this near-surface region, the ejected
species acquire a velocity distribution with a strong component perpendicular to
the target surface, leading to the expansion of the plasma and the formation of
the characteristic plume. The angular distribution of the plasma plume displays a
cosn(θ) dependency, where θ is the angle measured from the target surface normal
and 4 < n < 30, which depends on deposition parameters such as laser spot size and
power density [24], and background pressure [21]. The ejected material comprises
atoms, molecules, clusters, ions, and electrons, impinging on the substrate surface
with typical kinetic energies ranging from a few tens of eV up to 100 eV. Incoming
species will either diffuse on the surface and begin the film nucleation process,
recoil, or desorb. After arrival at the surface, the growth of the film is influenced
by parameters like substrate temperature and deposition rate, which for instance
directly affect the surface diffusion mechanism and growth kinetics.

One of the main advantages of PLD is the remarkable control over film properties,
thanks to the possibility of fine-tuning the deposition parameters to specific
requirements. In particular, the main tunable parameters of the PLD process
include (but are not limited to) laser fluence, background gas composition and
pressure, substrate temperature, and target composition [21, 25]. In comparison
with other techniques such as sputter deposition, the pulsed nature of PLD allows
an increased degree of control on the film growth rate, while the high energy typical
of the deposition process is expected to promote the stabilization of off-equilibrium
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phases, such as nanocrystalline and amorphous structures. Additionally, it is
possible to deposit films of compounds with volatile elements (such as complex
oxides), and materials that are not suited for evaporation or sputtering (such
as complex ceramics). Moreover, PLD allows for the deposition of thin films
in a reactive environment, without the need for complex equipment inside the
vacuum setup (the laser is located outside the vacuum and is independent of the
environment). The deposition process is simple and does not require any gaseous
precursors or additional equipment such as plasma sources or RF/DC power
supplies, reducing the possibility of contamination and the total process time. The
optimization of the growth parameters is mandatory to ensure good quality and
reproducible thin-film depositions. In general, known trends based on previous
reports in literature set the starting point of the growth recipe, but a detailed
optimization is required to achieve high-quality films with desired properties. A
more detailed discussion of the main PLD deposition parameters affecting the
growth of metallic thin films investigated in this thesis can be found in the next
section.

However, PLD also suffers from some drawbacks: for instance, the deposition
rates are generally low compared to other techniques, and increasing the deposition
rate without affecting the film quality can be challenging. Due to the relatively
limited laser-target interaction area, scaling up PLD for large substrate depositions
is difficult, although efforts are currently being made in this field for the mass
production of micro- and nanoelectronic devices [26]. Additionally, laser ablation
causes the formation of molten particles and target fragments, which are deposited
on the substrate and affect the overall quality of the film (more details in the next
section). Mitigation strategies are possible, like rotating mechanical filters installed
in the target-substrate path, but might not be sufficient in case the requirements
on the film quality are stringent. Overall, in this thesis, the choice of PLD as
a fabrication technique instead of more traditional and well-established methods
(like sputtering) has been dictated by the drive to develop more efficient pathways
for materials design. Thanks to its unique capabilities, PLD allows a reproducible
engineering of thin-film properties customized to specific requirements, opening
up new opportunities for the deposition of innovative functional coatings.

1.1.3 PLD OF METALS AND ALLOYS

Nowadays, PLD is commonly used to grow functional thin films and heterostructures
of complex oxides [27], for example in applications of the renewable energy sector
(such as photovoltaics and energy storage). However, metals and alloys were
among the first materials to be deposited as thin films with PLD [28]; similarly,
this field has continued to progress and advance. In particular, several experiments
showed that PLD allows to grow metallic alloys and multilayers with remarkable
properties, different from the ones obtained with more conventional techniques
such as sputtering or evaporation [29]. For instance, thanks to the rapid and
highly-energetic nature of the PLD process, the system is in general prevented
from reaching a thermodynamic equilibrium state. This allows the deposition of
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alloys in off-equilibrium phases, such as fully amorphous structures over a wide
range of compositions, supersaturated solid solutions of mixtures with very low
solubility (e.g. Ni-Ag and Fe-Ag), and combinations of amorphous and crystalline
phases [29–31]. In this context, laser-deposited alloy films are often more
homogeneous than their sputtered or thermally-evaporated counterparts, which
tend to decompose [29]. Moreover, the enhanced surface mobility allowed by the
higher kinetic energies results in improved crystallographic orientation preference,
with good layer-by-layer morphology and reduced number of defects [32, 33].

Figure 1.3 (Left) Deposition rates of Fe and Ag as a function of Ar background pressure
at a laser fluence of 4.5 J/cm2; adapted from [34]. For Ag, the deposition rate increases to
a maximum at 4.0×10-2 mbar: at this pressure, the mean free path of the ablated species
is comparable with the target-substrate distance. The increase is ascribed to a reduction in
kinetic energy of ablated Ag as a result of scattering with the Ar atoms, which reduces the
sputter yield. On the other hand, the deposition rate of Fe displays a lower dependency on
the background pressure, indicating a much smaller sputter yield. The decrease for pressures
above 10-2 mbar is ascribed to the scattering of ablated Fe away from the target-substrate
flight direction. (Right) Deposition rates of Ag under different inert gas atmospheres at a
laser fluence of 6.0 J/cm2; adapted from [35]. In all cases, the rate displays the same
behavior of Ag deposited in Ar background pressure, i.e. an increase to a maximum with
increasing pressure, and then a decrease. The atomic mass of the gas has a strong impact on
the scattering efficiency, influencing the maximum value of the rate peak, and the pressure
at which it occurs.

One of the main (tunable) parameters that strongly influences the PLD process
of metals and alloys is the background atmosphere (Figure 1.3). In particular,
depositing the film in ultra-high vacuum (UHV) or inert gas atmosphere has a
significant impact on the kinetic energies of the ablated species, the distribution
of elements in the plume, and its shape. Ultra-high vacuum is generally preferred
when the target material contains highly reactive elements such as Zr, which for
example are easily oxidized even in a very low background pressure of water or
oxygen (≈10-9-10-10 mbar) [36], therefore impacting the purity of the film. However,
one of the main drawbacks of UHV depositions is preferential resputtering effects
caused by energetic species [29], which strongly affect the microstructure, the
stoichiometric transfer between target and substrate, and the deposition rates
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(Figure 1.3) [34, 35, 37]. On the other hand, depositing in an inert gas atmosphere
reduces the kinetic energies of the ablated species due to the scattering of the
plasma plume with the gas atoms. This is in general accompanied by a decrease in
sputter yields and a change in deposition rates (Figure 1.3) [34, 35, 37]. In addition
to background pressure, other parameters are relevant to achieve films with the
desired properties, including laser fluence and repetition rate. For instance, above
the ablation threshold, laser fluence affects the density and the kinetic energy of
the ablated species, and the target morphology. This has strong consequences
not only on the film thickness and microstructure (e.g. grain size and surface
roughness) but also on the eventual formation and size of droplets [38, 39].

Figure 1.4 Scanning electron microscopy (SEM) images of the surface of an HfMoNbTiZr
high-entropy alloy target after several thousands of laser shots at a fluence of approximately
11.0 J/cm2. (Left) The irradiated area shows a dramatic difference in roughness with respect
to the pristine area in the top-right corner. (Right) Several protruding structures are observed
on the irradiated target surface. These features are the result of the target melting-cooling
cycles and can be eventually ejected as droplets and particulates during further exposure to
laser shots.

During deposition, together with atoms and ions, droplets with a diameter
ranging from a few nm up to several µm are often deposited in low density on
PLD-grown metallic thin films [29]. The formation of these droplets from solid
metal targets is not avoidable, and it is considered one of the main drawbacks of
PLD, limiting its use in commercial applications. The extent of this effect depends
on the material and the properties of the target, such as roughness, morphology,
and microstructure (Figure 1.4). The occurrence of droplets is mainly ascribed to
hydrodynamic effects during laser-target interaction, namely subsurface boiling and
recoil ejection, and the exfoliation process [22, 40]. The first two effects produce
droplets via melt-ejection (also called ‘splashing’ phenomena), and they are in
first approximation independent of the target morphology and are predominant
in metals with low melting temperatures and high thermal conductivities (e.g.
Al) [22]. On the other hand, the exfoliation effect relates to the ejection of
droplets due to the increased surface roughening of the target during deposition
(Figure 1.4). The target surface undergoes repeated melting-cooling cycles that
lead to the formation of protruding structures (Figure 1.4), which eventually break
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off upon further exposure to laser shots and can be ejected as particulate [22].
To mitigate the deposition of droplets, several approaches can be implemented:
mechanical polishing of the target surface, for example, dramatically reduces the
total number and average size of the droplets [36]. In addition, optimizing the
deposition parameters, in particular fluence, background gas, and target-sample
distance, has also been proven effective [29, 41]. Finally, thin films with a low level
of droplets can be achieved by modifying the experimental setup and its geometry,
with the implementation of dedicated mechanical velocity filters and shutters [42,
43], or even by using molten targets instead of solid ones [44].

In the context of this thesis, PLD has been chosen to explore novel pathways of
materials design, going beyond some of the limitations of conventional deposition
methods, like their tendency to produce ordered structures at room temperature.
The unique capabilities offered by PLD, such as the level of control on specific
deposition parameters, and the possibility of stabilizing off-equilibrium phases,
allow a fine-tuning of material properties at the nanoscale and result in improved
macroscopic performances. For instance, the atomic structure of metallic coatings
plays a key role in specific applications, such as protective layers against corrosion,
optical transparency, hardness, and conductivity [45–48]. The off-equilibrium
regime of PLD enables control over the film structure at the atomic level, ranging
from fully amorphous to crystalline to a combination of both, decoupling the
widely observed co-dependence of structure and stoichiometry in alloys [36].

1.2 GROWTH KINETICS

The formation of a thin film on a solid surface is a complicated process, governed
by different growth stages [49–51]. In thin-film deposition, the final macroscopic
state is not necessarily the energetically most favorable one: the growth can
proceed via various mechanisms, and the particular pathway taken determines
the ultimate macroscopic state [49]. Thus, thin-film growth is characterized by
a non-equilibrium nature, resulting from a competition between kinetics and
thermodynamics [49–53]. In this context, growth kinetics involves atomistic
processes such as surface adsorption, diffusion, and nucleation, each described by
characteristic time scales and activation energies. During film deposition, some
processes are kinetically limited, while others can be manipulated to enforce a
particular growth behavior. This is in contrast with thermodynamics, which defines
the equilibrium state at specific conditions so that all processes are in balance
and occur in opposite directions with equal rates [49]. On the one hand, the
thermodynamic aspect is influenced by parameters such as the free energy of
the surface, substrate and substrate/film interface, and degree of supersaturation
(defined as S = p/pe, where p is the vapor pressure of the impinging species
and pe is the equilibrium vapor pressure at the substrate temperature). On the
other hand, the kinetic contribution is influenced by factors like deposition flux,
surface and interlayer diffusion, nucleation rate, and substrate morphology (i.e.
presence/absence of defects, roughness, texture, and local atomic arrangements)
[49, 52, 54, 55].
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In the context of thin-film deposition, the common approach is to identify three
main equilibrium growth modes, namely two-dimensional (2D), or layer-by-layer
growth (Frank-van der Merwe mode); three-dimensional (3D), or island growth
(Volmer-Weber mode); and a combination of 2D plus 3D, or layer-plus-island
growth (Stranski-Krastanov mode) [49, 50, 55]. A cross-sectional view of layers
growing in these modes is sketched in Figure 1.5. In general, thermodynamic
considerations allow to qualitatively understand the energetic trends favoring one
mode over the others. For instance, 2D growth and wetting occur when the
drop in Gibbs free energy is largest if the deposited atoms bond to the substrate.
Conversely, island formation (3D) is preferred if the Gibbs free energy is lowest
when the atoms bond with each other [52, 55]. During deposition, however, the
system is further influenced by other factors like stress buildup, and the most
favorable growth mode might shift from 2D to 3D after the initial stages of film
formation (layer-plus-island mode) [52]. The details of the growth mode directly
affect important film properties at the nanoscale, such as microstructure and
morphology, which have a dramatic effect on the coatings’ macroscopic behavior
and performance [56]. Therefore, the ability to control and tailor the nucleation
and growth mode during deposition can be a pathway to customize thin-film
properties. On the one hand, thermodynamics defines the energetic preference,
favoring the ground-state structure and the equilibrium stoichiometry for the
given combination of film, substrate, and growth conditions. On the other hand,
kinetics can be leveraged to force the system away from equilibrium, allowing the
formation of disordered or metastable phases. Thermodynamic preferences are
generally difficult to influence since they depend on the specific system chosen
(e.g. substrate and material to be deposited), while the manipulation of kinetics is,
on the contrary, attainable through modification of the growth parameters [49, 52].

Figure 1.5 Sketch illustrating a cross-sectional view of the three main thin-film growth
modes: (a) Two-dimensional (2D), or layer-by-layer growth (Frank-van der Merwe mode);
(b)Three-dimensional (3D), or island growth (Volmer-Weber mode); (c) 2D plus 3D growth
(Stranski-Krastanov mode). The gray spheres represent the atoms of the substrate, while the
gold spheres represent the atoms of the deposited material.

The most important kinetic mechanisms in thin-film deposition include adatom
diffusion, nucleation, and interlayer mass transport [57]. The nature of these
processes can be understood by considering the case of epitaxial growth from
the vapor phase. The terrace-step-kink (TSK) model of a surface gives a good
illustration of the entities involved in the process [58, 59]. In Figure 1.6, the main
elements of the TSK model are schematically displayed for a simple cubic crystal
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surface. One of the key processes, adatom diffusion, can be described in terms
of a jumping process between adsorption sites on a 2D lattice [55, 60]. In this
framework, a surface diffusion coefficient can be introduced:

D = a2kS (1.1)

Where a is the hopping distance between atomic sites, and kS is the site-to-site
adatom hopping rate [57]. By defining a potential energy barrier VS between sites,
the rate kS can be expressed as:

kS = ν×exp

(
− VS

kB T

)
(1.2)

Where ν is the attempt frequency, T is the temperature of the substrate, and kB is
the Boltzmann constant. The mean square displacement of diffusing adatoms can
be mathematically described with Random-walk statistics:

〈∆r 2〉 ∼ Dt (1.3)

For a flat surface, and at a constant deposition rate, the coefficient D determines
the average distance an adatom travels before joining an island or meeting another
adatom to nucleate a new island [57]. As nucleation proceeds, this distance
decreases progressively until it becomes approximately constant in the steady-state
regime. The island density N on the surface is then intuitively proportional to
Fp/Dq, where F is the deposition rate and p, q are positive exponents that depend
on the specific growth processes [61, 62]. Given the importance of D in kinetic
processes, great effort has been dedicated to infer its value precisely. For instance,
scanning tunneling microscopy (STM) experiments allow to extract the surface
diffusion coefficient by counting the number of islands formed as a function of
time and deposition rate, and by directly measuring the adatoms’ mean square
displacement 〈∆r 2〉 [63].

When diffusing adatoms meet and join, they nucleate to form an island
(Figure 1.6). The stability of a newly-formed island depends on competing
mechanisms, which are directly or indirectly influenced by the growth parameters,
such as substrate temperature and deposition rate [57]. An island is stable if it
exceeds a critical size i. In a simple nucleation model [64], a set of rate equations
can be defined, describing the processes an adatom can follow upon landing on
the substrate, like diffuse on the surface, evaporate, nucleate, get captured by (and
detach from) an existing island. Such equations can be used to determine the
evolution of the number of atoms in an island as a function of time. In this context,
factors like the diffusion coefficient and the (lateral) bonding energy between
adatoms play an important role. For instance, at typical film growth conditions,
the deposition flux and supersaturation are high, and, if the temperature is low
enough, the lateral atomic bonds are strong enough to have i=1, i.e. two adatoms
form a stable island: this case is also defined as irreversible nucleation [64–66].
Conversely, higher thermal energy (i.e. high substrate temperature) leads to
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Figure 1.6 Sketch illustrating the terrace-step-kink (TSK) model applied to a simple cubic
crystal surface. The gray spheres represent the atoms of the substrate, while the gold spheres
represent adsorbed atoms from the vapor phase. The figure defines the main entities of the
TSK model, namely geometric elements such as terraces, steps, and kinks, crystallographic
defects like substrate vacancies, and diffusing adatoms and islands.

more probable bond-breaking events, thus driving dissociation and leading to an
increased critical island size [64, 67].

As adatoms continue to diffuse, the islands grow in size, developing different
morphologies. Two main categories of island growth patterns can be identified,
namely compact and fractal [57]. In the first case, an ideal island assumes
a geometric pattern, such as square, triangular, or hexagonal (the texture and
structural preference of the substrate also plays an important role in the preferred
arrangement), with well-defined and straight edges. In the second case, the
island is highly anisotropic, and it is characterized by disordered and rough edges.
The substrate temperature determines the degree of compactness, which directly
affects the average adatoms’ diffusion length: the higher the temperature, the
higher the average diffusion length and the more compact and larger the islands
[68]. Moreover, the temperature influences the adatoms’ ability to move along
the edges and across the corners of adjacent islands to find an energetically
favorable site [57, 68]. For instance, at sufficiently high substrate temperature,
the adatoms can diffuse along and in between islands to minimize the total free
energy, relaxing at high coordination sites (bond saturation), and increasing the
degree of compactness. However, as mentioned previously, thermal energy also
acts as a destabilizing factor, and atoms can become more active, particularly at
lower coordination sites (like edges and corners). This leads to additional island
dynamic mechanisms, such as island diffusion, i.e. a displacement of the islands’
center of mass, and island ripening, i.e. a redistribution of the total mass in an
island and between different islands [64, 69].

After the initial stages of growth, when the density and size of the islands on
the substrate terraces are sufficiently large, there is a significant probability that
impinging atoms will land on top of an existing island. The interactions between
atoms in the vertical direction are typically controlled by the rate of interlayer
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mass transport, or interlayer diffusion, which regulates the uniformity of the film
as the thickness increases [57]. An additional potential energy barrier can be
defined [70], preventing the atom from hopping off the island and moving to the
lower level. This happens because the atom would reduce its level of coordination,
thus increasing its free energy, by leaving the top of the island before lowering it
by bonding to a favorable site at the lower terrace [71]. The probability P(t) that
an adatom remains on the surface of an island has a complicated dependency on
the island radius, the adatom diffusion coefficient, and the competition between
the step-edge barrier and surface diffusion barrier [72]. In general, interlayer mass
transport can be enhanced in various ways, for example, by modifying the interplay
between surface diffusion and step-edge crossing with increased temperature (i.e.
increased mobility) [72, 73]. Interlayer mass transport plays an important role in
determining the film morphology and microstructure [57, 71–73]. In particular, the
step-edge energy barrier is critical for 3D (island) or 2D (layer-by-layer) growth. If
such a barrier is comparable with the island surface diffusion barrier, a 2D growth
is favored: the atoms on top of the island can easily move to the lower level,
thus preventing the formation of additional stable islands (or layers) on top of an
already existing one [71–74]. Conversely, if the diffusion term dominates over the
step-edge crossing one, a multilayer 3D growth is favored [71–74]. The effect that
interlayer mass transport has on film morphology can be decisive for the transition
from smooth (in the case of 2D) to rough (in the case of 3D) growth [57, 73].

As mentioned above, in contrast to thermodynamics, kinetics is determined by
the growth conditions. This opens pathways to modify the macroscopic outcome
of the deposition by changing the growth method and parameters (e.g. growth rate
and substrate temperature). For instance, supplying energy via sample temperature
(global effect), or via kinetic energy of the impinging particles (local effect), gives
control over the proximity to equilibrium growth and the atomistic processes
atoms are allowed to follow, such as surface diffusion and nucleation. Kinetics can
thus be used to modify the film properties, for instance by imposing/preventing a
specific growth mode, or by favoring a characteristic morphology of the deposited
material [52]. The typical evolution of the film microstructure as a function of the
deposition temperature (TS) is a good example [50, 56]. At a very low TS with
respect to the material’s melting point, the adatom surface diffusion is negligible.
The corresponding low mobility results in a film microstructure characterized by
small crystalline grains forming a coarse, fractal, and porous texture [56, 75]. The
extreme case of this regime far from equilibrium is the growth of fully disordered
(or amorphous) structures. At higher deposition temperatures, surface diffusion
becomes more and more relevant, leading to the formation of larger crystalline
grains, with a denser, more compact morphology [56].

In metallic coatings, for example, this difference has a dramatic impact on
mechanical properties, such as hardness, which is directly influenced by grain size
and grain boundary behavior [76]. Tuning the substrate temperature is not the
only method to modify the film microstructure. As previously mentioned, in PVD
the kinetic energy of the impinging atoms plays an important role in determining
the film properties [52]. For instance, in the growth of superconducting alloy
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thin films, increasing the kinetic energies of the elemental species leads to
increased mobility and higher local order and homogeneity, which results in a
reduced detrimental impact on grain boundaries and improved superconducting
behavior [77]. Moreover, in pulsed-laser-deposited thin films, high fluence leads to
increased adatom kinetic energies and mobility, accelerating nucleation and directly
affecting the morphology. This aspect has been for instance exploited to enhance
coalescence and tune the porosity of PLD-grown oxides for applications in catalysis,
sensors, and electrodes [78]. This demonstrate how kinetic mechanisms can be
leveraged as additional tunable parameters in thin-film technology, emphasizing
the potential of controlling growth kinetics to produce coatings with customized
properties.

1.3 STRESS

Stress is present in all thin films. It originate from the fact that the atoms in
a coating are not in their preferred bulk-like environment, owing to the non-
equilibrium nature of the deposition process, substrate effects, and imperfections
arising during growth [79]. Consequently, stress buildup is an integral part
of thin-film deposition. The role of stress is decisive for coating properties,
influencing the performance in technological applications [80]. For instance, high
tensile stress can cause film cracking [81], while strong compressive stress can
lead to film buckling, blistering, and delamination [79, 82, 83]. Excessive stress
in the layers of interconnects and electrodes can form undesired deformations,
resulting for example in short-circuit failures in microprocessors and electronic
devices [80, 84]. Achieving a complete understanding of stresses in thin films
is not straightforward, and a general theory is not available. It is well-known
that many parameters strongly affect the evolution of stress, for example growth
rate, temperature, microstructure, and grain boundary effects [79, 80, 85]. In this
framework, two main groups of stresses can be identified, namely ‘internal’ (or
intrinsic), and ‘external’ stresses [86]. The first ones build up during film growth
and nucleation and can have various causes, like modifications of atomic structure
and chemical composition, and growth mode. The second group includes stresses
that occur after deposition, caused by external factors like changes in temperature,
application of electromagnetic fields, and mechanical influences such as bending,
pulling, and compression [86].

Internal stresses are by far the most studied. Internal stress is defined as the
existence of a state of stress in the absence of external factors [85]. Several studies
have demonstrated that internal stresses arise due to a complex combination of
simultaneous causes, mainly ascribed to structural modifications in the deposited
film [80, 85]. Such modifications can occur at the micro- or nanoscale, for instance
by the creation of voids located at the grain boundaries or in between grain
columns, and at the atomic scale, for example via the presence of dislocations
and impurities [85]. A good example of atomic-scale stresses can be found in
the domain of epitaxially grown films. If the substrate and deposited material
have different lattice parameters, the corresponding mismatch in lattice constants



1

24 1 THIN-FILM DEPOSITION, GROWTH KINETICS, AND STRESS DEVELOPMENT

generates tensile or compressive stress, depending on the particular film/substrate
system (mismatch stress). During the initial stages of growth, the atoms depositing
on the surface will bond with the exposed atoms of the substrate. If the difference
in lattice constants is significant, the atoms of the first layer will be under stress,
and the layer itself will thus be strained [85]. As deposition continues, the first
(strained) layer becomes the template for the additional film layers, which, as a
result, will experience the same type of stress [85].

In epitaxial growth, the accumulated stress can be released through various
mechanisms. For instance, a network of dislocations and mechanical faults (like
fissures and voids) can form and propagate at the interface between film and
substrate [86]. Furthermore, film relaxation leads to the formation of wrinkles,
distortions, and grooves, which first affect the thickness and surface roughness, but
can eventually break the continuity of the coating [86–88]. In addition, as briefly
discussed in the previous section, stress release during heteroepitaxial deposition
can modify the film growth mode. This is particularly valid for systems with strong
lattice mismatch, where after the initial layer-by-layer growth, a significant amount
of stress builds up in-plane. At this stage, the film lowers its total energy by
forming isolated protrusions on the surface, which increase in size as deposition
continues, resulting in the transition to the 2D plus 3D growth mode [86, 89].

For polycrystalline films, where no well-defined epitaxial relation prevails, the
discussion about stresses is more difficult, given the increased level of complexity
and the higher number of contributing factors, such as additional surface
orientations and interfaces given by the presence of grains. In this case, the surface
(or interface) stress can be defined as follows [90]. By considering a surface area A,
the work dW required to create new surface area dA can be expressed as:

dW = γd A (1.4)

Where γ is the surface (or interface) energy (also called surface tension). A
variation in surface area dA without modification of the number of lattice sites is
achieved via an elastic strain dϵij along the surface [91]. The work required to
increase the area A via elastic strain is performed by the surface stress fij, which
can be written as [90, 92]:

fi j = γδi j + Çγ

Çϵi j
(1.5)

Where δi j is the Kronecker delta. The first term takes into account a change in
area due to elastic deformation, while the second term takes into account a change
in surface energy with elastic strain. The elements in Equation 1.5 (and their
signs) cannot always be determined a priori, but they depend on the interatomic
interactions (attractive or repulsive) and the morphology/structure of the surface
under consideration (such as the presence of ledges or dislocations). Intuitively,
surface stress acts as a stretched or compressed ‘membrane’ applying lateral forces
in the surface plane [90].

The surface stress in films and multilayers can be measured in different ways.
For instance, by depositing the coating on a thin substrate, and determining
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the force per unit of width F/w that the film exerts on the substrate from the
variation of the radius of curvature. Some examples of substrates for this purpose
include free-standing membranes and cantilevers [90]. The stress evolution can be
monitored during deposition by measuring the substrate curvature as a function
of time and at a constant deposition rate. In this case, the quantity F/w can be
defined as [90]:

F

w
= 1

6
YS tS

2 1

R
= 〈σ〉tF +N f (1.6)

Where YS, tS, and R are the biaxial modulus, the thickness, and the radius of
curvature of the substrate, while 〈σ〉 is the average film stress, tF is the thickness of
the film, N is the number of interfaces (in the case of a multilayer), and f is the
surface stress. A typical curve of F/w as a function of deposition time (or average
film thickness) for a film following island growth mode is reported in Figure 1.7:
after an initial compressive behavior (F/w < 0), the stress turns to tensile (F/w > 0)
and reaches a maximum before turning again to incremental compressive [90].

Figure 1.7 (Left) Typical curve of the force per unit of width F/w exerted by the film on a
curved substrate, as a function of deposition time (or thickness), adapted from [90]. (Right)
F/w curve obtained during continuous deposition of a Cu film, adapted from [90, 93].

The magnitude of stresses and even their nature (e.g. from tensile to compressive
and vice versa) can vary at different growth stages [86, 90]. For instance, during
island growth and before coalescence, compressive stress tends to develop in films.
This has been observed experimentally by detecting a positive substrate curvature
in the initial stages of film deposition. In this case, an island on the substrate
can be approximated as a spherical cluster. Similarly to a droplet of liquid, where
the surface tension determines a pressure difference ∆p between the inside and
outside of the droplet (termed Laplace pressure), for a solid particle the mechanical
action of the surface is determined by the surface stress, and ∆p can be defined as
[90, 94]:

∆p = 2 f

r
(1.7)
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Where r is the radius of the cluster, and f is the surface stress. Therefore, the
surface stress plays a fundamental role in determining if the island would be
under compression (f < 0) or tension (f > 0), depending on the sign of f, which
is not determined a priori. The island will then exert a mechanical action on the
substrate, influencing its curvature, which can be written as [90]:

1

R
∝−4 f si n2(θ) (1.8)

Where θ is the wetting angle of the island. The experimental observation of an
initial positive substrate curvature (R > 0) for many samples showing island growth
indicates that, within this framework, the surface stress is indeed compressive
(f < 0) [90]. It has been proposed that this is caused by the mismatch with
the substrate in-plane lattice, which keeps an island above a critical size from
reaching its equilibrium bulk lattice spacing. This is valid mostly for materials
with smaller in-plane lattice spacing with respect to the bulk, which applies to
many examples of low-index metallic surfaces on ceramic substrates [94]. Another
possible explanation involves the interaction between adatoms and the substrate
surface [95]. In this view, the adatom is attracted to the surface to maximize
its level of coordination, generating an elastic displacement of the atoms of the
substrate away from their equilibrium position, thus leading to the development of
compressive stress. During the initial stage of deposition, the rate of increase in
adatom population on the surface is large, and it decays as soon as a steady state
is reached. The substrate will therefore experience an initial compressive stress
that rapidly reaches zero, as observed in many experiments.

When islands grow in size and eventually coalesce in a continuous film, the
nature of the stress tends to switch to tensile (Figure 1.7). This arises from the fact
that, as grains come into contact with each other, the external surfaces are ‘zipped
together’ to form a grain boundary [90, 96]. Within a global energetic framework,
the free energies of the grain surfaces and grain boundaries determine the tensile
stress developing in the film: the total energy is reduced by stretching the grains
during coalescence and by replacing two surfaces with one grain boundary, while
the energy cost due to stress is increased [96]. After the completion of the
‘zipping’ process, the crystallite size determines the length of the grain boundary
and the average stress. For small grains, the interfacial forces are strong enough to
completely close the gap between the grain surfaces. Conversely, for larger grains,
only small sections of the grains are ‘zipped together’ to form a continuous film
[96].

After the initial growth stages, when the film reaches continuity, stress depends
on factors like deposition conditions and the particular materials involved, and it
is usually the result of a complex interplay not only between competing tensile
and compressive effects but also between different relaxation mechanisms [86].
In continuous polycrystalline films, adatom mobility for diffusion is an important
parameter in determining the nature of internal stress [86]. As noted in the
previous section, this factor is typically described in terms of the ratio between
the deposition temperature TS and the material’s melting point TM. When the
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adatom mobility for diffusion is low (TS/TM < 0.2), tensile stresses due to crystallite
coalescence tend to keep increasing linearly with increasing thickness. On the
contrary, when the adatom mobility for diffusion is higher (or the deposition rate
is lower), a transition in internal stress from tensile to compressive is observed
as deposition continues [97]. In the low-mobility case, after island coalescence,
the additional layers of the film grow on top of already formed grains (columnar
growth), without recrystallization or long-range diffusion processes. Consequently,
the grain boundary volume keeps increasing linearly with thickness, and the same
occurs for the tensile stress [86, 98].

The case of compressive stress arising after the tensile stage at increased diffusion
mobility is still not fully understood, and a complete theory is currently missing
[86]. A model based on kinetic considerations has been recently developed, and
was proven successful in explaining most of the experimental findings [86, 99]. The
tensile stress characteristic of the coalescence growth stage can turn to compressive
by atom diffusion from the surface into the grain boundaries. When the flux of
insertion becomes significant, an excessive amount of atoms are embedded into
the grain boundaries, and compressive stress becomes dominating [99]. According
to the model, the driving force of this process is the free energy difference between
the two atomic sites considered, i.e. on the surface and inside the grain boundary.
This difference is a consequence of the fact that the surface and grain boundaries
are not in their equilibrium state during growth. The energy on the surface
increases due to supersaturation or modifications in surface morphology, with
the creation of high-energy terraces. Similarly, the energy in the grain boundary
decreases from its equilibrium value: if tensile stress is present, atoms will tend
to move into the grain boundary to relieve it [99]. The dependence of internal
compressive stress on parameters like surface diffusion (i.e. mobility) and growth
temperature can therefore be explained using a kinetic model applied to a system
where only two atomic sites are available (on the surface and inside the grain
boundary), separated by an activation barrier [99]. The model also allows to give
qualitative insight into variations of film properties, for example microstructure
and morphology of the grain surfaces, which are the result of the competition
between tensile and compressive stresses determined by grain boundary diffusion
[100, 101].

Furthermore, tensile stresses can also become dominant over compressive ones
in thin films characterized by high mobility. In this case, as the film continues
growing, the number of grain boundaries decreases. The free volume is therefore
reduced and redistributed, and the film tends to become more compact by
reducing its size [86]. Since the film is bound to the substrate, this densification
leads to the development of in-plane tensile stress [86, 102]. If such tensile stress
becomes excessively high, further grain growth can be inhibited, and the formation
of a fine-grained microstructure is observed [86, 102].

The second class of stresses develops under the influence of external forces
after the growth of the film is completed. This class includes stresses arising
due to thermal effects, application of electromagnetic fields, variations in chemical
composition and microstructure, and mechanical modifications [86]. Here, thermal
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stresses caused by temperature changes after deposition are discussed in more
detail, since they are most relevant for the research presented in the next chapter.
A common reason for thermal stresses to develop is the difference in coefficients
of thermal expansion (CTE) between film and substrate [86]. For instance, most
metals have a CTE at least one order of magnitude higher than most semiconductor
substrates like silicon. In this case, once the deposition of a metal on silicon at
elevated temperature is completed and the system cools down, the film experiences
a greater reduction in size than the substrate. As a result, tensile stress develops
in the film to match the substrate. If the system is annealed above the deposition
temperature, the reverse effect takes place, and the film experiences compressive
stress [86]. If the substrate has higher CTE than the film (which is commonly the
case for an oxide or ceramic coating deposited onto a metal), the development of
stresses is inverted with respect to the previous case.

When thermal stresses become strong, eventually exceeding the elastic limit
of the film, they are relaxed through microstructural deformations, such as
dislocations glide, diffusional creep, and shrinkage [103]. The resulting change in
properties is not necessarily negative, but can also be exploited intentionally to
improve characteristics dedicated to the material’s application [104]. For instance,
three-dimensional microstructures such as flow sensors and actuators can be
fabricated by depositing multilayers of different materials, each characterized by
a different CTE [105]. Moreover, thermal treatments can indirectly lead to stress
development by enabling interface diffusion and intermixing. An example is the
formation of metal silicides by annealing a metallic thin film deposited onto a Si
substrate. The formation of the new compound from the initial elements is typically
accompanied by a significant modification in volume, which is accommodated by
an increase in thickness. The consequent buildup of compressive stress in the
film can be released through various mechanisms, like delamination and plastic
deformations [104, 106].

The stress level in thin films is a key property that directly affects their
performance. Understanding the origin of stress and controlling its level is thus
essential for the fabrication of reliable films in devices. In particular, intentional
modification of stress serves as an additional pathway to modify the capabilities
of functional coatings [105]. For instance, the manipulation of internal stresses
allows for the fabrication of stress-induced out-of-plane nanostructures, such as
bending cantilevers, nanotubes and helices, buckled ribbons, and membranes
[105]. Applications of such nanostructures can be found in the domain of sensors,
optical systems, protective pellicles, robotics, MEMS/NEMS devices, and wearable
electronics [105]. Along these themes, chapter 2 describes an example of a
stress-based modification, resulting in the formation of versatile centimeter-sized
free-standing nanolayers, produced via post-deposition annealing of Ru thin films
on Si substrates [104]. These examples show the importance of connecting
the fundamental understanding of stress at the nanoscale to application-oriented
macroscopic properties, emphasizing its relevance in modern-day thin-film
technology.
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2
FREE-STANDING NANOLAYERS BASED ON

RU SILICIDE FORMATION ON SI(100)

Free-standing layers of nanoscale thickness are essential in numerous applications
but challenging to fabricate for all but a small selection of materials. We
report a versatile, chemical-free pathway of exfoliating centimeter-sized free-standing
nanolayers from Si(100) with native oxide based on the spontaneous delamination
of thin Ru and Ru-based films upon annealing at temperatures as low as 400◦ C.
Combining results from x-ray photoelectron spectroscopy (XPS), and transmission
and scanning electron microscopy (TEM, SEM), we identify that the element Ru,
a thin SiO2 layer, and the Si(100) substrate are essential ingredients for the
delamination and propose a stress-based mechanism to explain the effect. The
diffusion of Si into the layer upon annealing leads to the formation of a Ru-Si
compound at the thin-film side of the Ru/Si(100) interface and pyramidal cavities
in the Si(100) substrate. Moreover, the uptake of Si results in an increase in layer
thickness and the buildup of in-plane compressive stress, which is reduced by local
buckling and finally by the separation of the full layer from the substrate at the
SiO2-Si(100) interface. The use of a thin Ru-buffer layer allows us to apply this
delamination process to produce free-standing nanolayers of Mo and HfMoNbTiZr in
this simple, chemical-free, and vacuum-compatible manner. These results indicate
the potential of the reported effect for the fabrication of free-standing layers using a
wide range of compositions, deposition techniques, and growth conditions below the
onset temperature of delamination.

A. Troglia, S. van Vliet, G. Yetik, I. El Wakil, J. Momand, B. J. Kooi, and R. Bliem. Free-standing
nanolayers based on Ru silicide formation on Si(100). Physical Review Materials 6, 043402 (2022).
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2.1 INTRODUCTION

Thin free-standing membranes are indispensable in technological applications such
as frequency filters [1–3], advanced electronics [4, 5], gas-separation membranes
[6, 7], or transparent sheets for short-wavelength radiation [8–11]. They also find
application in catalysis [12, 13], as electrodes in advanced battery concepts [14–16],
and as interconnects [17]. Each of these applications has its own, demanding set of
requirements to the respective free-standing films. Customized materials are thus
required for good functionality. Manufacturing customized layers in a reproducible
way is challenging and often requires complex processing and the intensive use
of chemicals, for example for the chemical removal of the entire substrate after
depositing the thin films. New, chemical-free ways of producing free-standing films
would contribute to developing simpler and more sustainable production methods
with a better environmental footprint and potentially a lower price.

The production of free-standing layers typically starts with the deposition of a
thin film on the substrate of choice. Thin-film growth is typically accompanied
by the buildup of stress, which finds its origin in intrinsic and extrinsic sources
[18, 19]. Intrinsic stress is attributed to the formation of defects in the layer
during grain growth and to the coalescence of grains. It increases with film
thickness and is specific to the combination of deposited material, substrate, and
growth conditions [18]. Extrinsic stress components, on the other hand, are not
directly related to the atomic-scale structure of a film, but originate for example
in the difference in thermal expansion coefficients between the substrate and a
film deposited at elevated temperature [19, 20]. The superposition of these stress
components compromises the adhesion of the film to the substrate and can lead
to failure in the form of cracking or uncontrolled delamination if a critical stress
value is exceeded.

The stress in a layer of a defined phase and composition varies substantially if
its density and structure are modified by processes such as diffusion, intercalation
[21], phase transformations [19], and compound formation [22, 23]. The formation
of silicides by annealing thin films of transition metals deposited onto Si is a
good example of this process [24]. The formation of a silicide by Si diffusion
typically leads to compressive stress in the layer due to the addition of material,
which usually requires a volume expansion to match the different density of the
compound formed. Various relaxation mechanisms may lead to a reduction of the
total stress in the film [25].

In this article we report the observation that Ru-based metal films on native-
oxide-terminated Si(100) substrates delaminate spontaneously at the Si(100)-SiO2

interface upon annealing at approximately 400 ◦C, yielding centimeter-scale
free-standing layers with thicknesses starting at 20 nm. We further observed that a
Ru silicide phase was formed by Si diffusion through the native SiO2 layer during
annealing. The uptake of Si substantially increased the equilibrium volume of the
film, adding a strong compressive component to the stress in the layer and at the
interface. We propose that this buildup of compressive stress is at the root of
the delamination and causes the Ru-Si/SiO2/Si(100) stack to cleave at the Si-SiO2
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interface. This mechanism reconciles our observations on thin films of various
thicknesses and compositions, grown using two different techniques. Moreover,
we demonstrate that Mo and HfMoNbTiZr films on Si(100) with an ultrathin Ru
silicide buffer layer follow the same delamination pattern, indicating a potential
application of the reported Ru-based delamination for the chemical-free exfoliation
of customized free-standing metal layers via a versatile, vacuum-compatible, and
environmentally friendly process.

2.2 METHODS

2.2.1 SAMPLE PREPARATION

Pure Ru, Mo, and Ru100−x Mox alloy thin films were sputter-deposited onto p-doped
Si(100) substrates with native oxide using a Polyteknik Flextura M506 S system.
The substrates were cleaned with a sequential ultrasonic bath of acetone and
isopropanol; the native oxide of Si was not removed prior to deposition. The base
pressure of the system was approximately 1.0×10−7 mbar. Pure Ru and Mo thin
films were deposited by DC sputtering with a power of 200 and 75 W and Ar
background pressure of 2.0×10−3 and 1.33×10−2 mbar, respectively. Ru100−x Mox

alloy thin films were co-deposited from separate sources by RF and DC sputtering,
respectively, with an argon background pressure of 2.0×10−3 mbar. During
deposition, the substrates were kept at room temperature and rotated in order to
optimize the homogeneity of the deposition. The Ru silicide reference sample was
synthesized by depositing a 25 nm thick Ru thin film onto clean Si(100) substrates
with native oxide by pulsed laser deposition using a KrF excimer laser at an energy
density of 7.5 J/cm2 and laser repetition rate of 10 Hz. A 99.95 % pure Ru target
(Alineason Materials Technology GmbH) was used for the deposition process. The
substrate was kept at room temperature and the background deposition pressure
was 1.0×10−9 mbar. The Ru thin film was subsequently annealed at 550◦C to
ensure homogeneous conversion of the entire film to Ru silicide [26]. HfMoNbTiZr
thin films were deposited with pulsed laser deposition in 4.0×10−2 mbar Ar
background pressure at an energy density of 11.0 J/cm2 and a laser repetition rate
of 10 Hz. A custom-made HfMoNbTiZr (20:20:20:20:20 at.%) target was used for
the deposition process.

2.2.2 X-RAY PHOTOELECTRON SPECTROSCOPY

The step-by-step XPS investigation of the delamination process was performed in
situ in a UHV setup (base pressure better than 1.0×10−9 mbar) equipped with
a Scienta Omicron R4000 HiPP-3 analyzer (swift acceleration mode, 1 mm slit
entrance) and a monochromatic Al-Kα source (1486.6 eV). An as-grown Ru thin
film (thickness approximately 100 nm) was loaded in the setup via a load lock:
the annealing treatment was performed in UHV at approximately 400◦C with a
radiative heater; the temperature was measured both with a thermocouple and a
pyrometer. The delamination of the Ru thin film was performed directly in UHV
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with carbon tape, allowing the XPS measurement of the film-substrate interface
side of the delaminated layer and bare substrate separately, avoiding any surface
contamination due to air exposure. Survey spectra were recorded at 500 eV of pass
energy (PE), while detailed spectra were recorded at PE=100 eV.

2.2.3 SCANNING ELECTRON MICROSCOPY

SEM measurements were performed using a FEI Verios 460 SEM system with a
Schottky field electron gun. The SEM micrographs were taken at an electron energy
of 5 keV and a beam current of 100 pA. The immersion field mode was used in
order to optimize the spatial resolution.

2.2.4 TRANSMISSION ELECTRON MICROSCOPY

Cross sectional specimens of the Ru47Mo53 thin film were prepared with an
FEI Helios G4 CX dual beam system at 30 kV ion energy and polished at 5
and 2 keV to remove residual surface damage. These specimens were analyzed
with a double-aberration-corrected FEI Themis Z scanning transmission electron
microscopy system at 300 kV. EDX spectrum mapping was performed with a probe
current of 1 nA, where the spectra were recorded with a Dual-X system, providing
in total 1.76 sr EDX detector.

2.3 RESULTS AND DISCUSSION

Figure 2.1 depicts a schematic of the observed delamination of Ru thin films
upon annealing. After sputter deposition of Ru on native-oxide terminated Si(100),
as described in the Methods section, the 20 to 200 nm thick Ru films were
found to detach completely from the substrate upon annealing at 400◦C. This
delamination was characterized by visible changes in the appearance of the films.
The film surface developed visible patches of lower reflectivity and higher apparent
roughness. These modified areas expanded, propagating across the sample on
a timescale of several seconds and finally leading to a changed appearance
of the entire film (see video link in the Appendix [27]). What seemed to be
a roughening transition was concomitant with a loss of adhesion between the
substrate and the entire Ru layer. The resulting free-standing nanolayers were
harvested from the substrate using adhesive tape. For thicknesses of 100 nm and
higher, centimeter-sized flakes were directly exfoliated with tweezers, as shown in
Figure 2.1 (c).

The composition and chemical properties of the exposed Si(100) substrate and
the thin-film side of the Ru/Si(100) interface were investigated in situ after
delamination of a 100 nm thick Ru film in ultrahigh vacuum (UHV) by means of
x-ray photoelectron spectroscopy (XPS). The survey spectrum of the 100 nm thick
Ru film (Figure 2.5 [27]) shows only peaks corresponding to Ru and oxygen, which
was present due to exposure to air before annealing, whereas Ru, O, and Si were
observed at the thin-film side of the interface (Figure 2.6 [27]). Figure 2.2 (a) shows
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Figure 2.1 Sketch of the delamination process. (a) Ru-based thin films (thickness ranging
from approximately 20 nm up to 200 nm) are sputter-deposited onto clean Si(100) substrates
with native oxide. (b) Annealing at T≈400◦C causes the delamination of the film from the
substrate. (c) Centimeter-sized free-standing layer (200 nm Ru77Mo23) exfoliated from the
substrate with tweezers.

the XPS spectra of the extended Ru 3d region of the as-grown Ru thin film before
annealing (black), the thin-film side of the Ru/Si(100) interface after annealing and
delamination in UHV (red), and a separately prepared, thin Ru silicide film that
was used as a reference specimen (blue). The spectrum of the as-grown Ru thin
film is characterized by the Ru 3d5/2 peak at a binding energy of 279.9 eV, a
doublet peak splitting of 4.1 eV, and an asymmetric peak shape, in good agreement
with reports for metallic Ru in the literature [28]. Moreover, the extended Ru 3d
region in Figure 2.2 (a) shows the presence of a broad plasmon loss feature at a
binding energy value of approximately 312 eV, corresponding to an electron energy
difference of ∆E≈32 eV with respect to the main Ru 3d5/2 peak.

In the XPS spectra of the thin-film side of the exfoliated Ru/Si(100) interface
(red), the main Ru 3d5/2 peak of the spectrum is shifted by 0.45 eV towards
lower binding energy with respect to metallic Ru, comparable to the binding
energy shift attributed to the formation of a metal-rich Ru silicide in the literature
[29]. The extended Ru 3d region in Figure 2.2 (a) shows a plasmon loss peak at
approximately 305 eV (∆E≈25.5 eV), which is close to its position in the Ru silicide
reference sample at 303 eV (blue). Moreover, the peak shape of the Ru 3d doublet
of the thin-film side of the Ru/Si(100) interface spectrum in Figure 2.2 (b) shows a
sharp contrast to the asymmetric shape that is characteristic of metallic Ru (black)
[28], and resembles the symmetric peak shapes of the Ru silicide Ru 3d doublet
(blue). The increased width and shifted binding energy of the plasmon loss peak
at the thin-film side of the Ru/Si(100) interface compared to the silicide reference
as well as the small residual asymmetry of the Ru 3d peaks indicate the presence
of a small amount of metallic Ru close to the interface. This comparison indicates
a change in electronic structure with the annealing treatment and suggests the
formation of a nonmetallic Ru silicide at the interface between the Ru thin film
and the substrate. A detailed XPS investigation to discern the type of silicide that
is formed is beyond the scope of this study.

A survey spectrum of the thin-film side of the Ru/Si(100) interface reveals the
presence of silicon and oxygen (see Appendix Figure 2.6 (a) [27]). From the



2

44 2 FREE-STANDING NANOLAYERS BASED ON RU SILICIDE FORMATION ON SI(100)

Figure 2.2 XPS results of the Ru layer before and after delamination. (a) Extended Ru 3d
region of the as-grown Ru thin film (black), the thin-film side of the Ru/Si(100) interface
after annealing and tape delamination in UHV (red), and a Ru silicide thin-film reference
(blue). The shift of the plasmon loss peak maximum is highlighted in the inset with dashed
lines. (b) Ru 3d detailed spectra of the as-grown Ru thin film (black), thin-film side of
the Ru/Si(100) interface (red), and Ru silicide reference (blue). (c) Surface compositions of
the thin-film side of the Ru/Si(100) interface and the Si(100) substrate after annealing and
exfoliation in UHV.

measured XPS peak area we estimated the relative composition of Ru, Si, and O
in the surface region to be 39.5%, 39.1%, and 21.4%, respectively, as reported in
Figure 2.2 (c). Variations in probing depth with different electron kinetic energies
were not taken into account. The detailed spectrum of the Si 2p region [Figure 2.6
(b)] shows a small shift of the main Si 2p3/2 peak of 0.3 eV towards a higher binding
energy value compared to elemental Si, which is in agreement with literature on
Ru silicide [29]. The presence of SiO2 was only observed on the thin-film side
of the delaminated Ru/Si(100) interface, whereas on the substrate the signal from
SiOx species was below the detection limit in the Si 2p region [Figure 2.6 (c) and
Figure 2.6 (d)] and the O 1s signal was very low [≤2%, see Figure 2.2 (c)]. In the
region probed by XPS, the thin-film side of the Ru/Si(100) interface exhibited a
ratio of oxidized silicon to the sum of Ru and total Si of SiOx /(Ru + Sitot )≈20%, a
value that is higher than the SiO2/Sitot ratio measured for a Si(100) substrate with
native oxide (approximately 11%). No traces of ruthenium were detected on the
substrate after the delamination. We conclude that the native oxide delaminated
from the substrate together with the Ru thin film in its entirety and remained at
least partly intact. The higher SiO2 signal on Ru silicide is attributed to a shorter
inelastic mean-free path of photoelectrons in the Ru silicide layer, which led to
a lower measured intensity of Ru and Si. These observations indicate a sharp
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separation at the Si-SiO2 interface with negligible intermixing after Si diffusion.
We tested whether or not the observed delamination behavior is specific for Ru

layers on Si(100) by repeating the same procedure for Mo and for Ru-Mo alloys of
four different compositions (Ru100−x Mox ). In addition to the effect of composition,
the study of Ru-Mo alloys allowed us to assess the effect of structural disorder,
since a high Ru content was reported to favor the growth of polycrystalline films,
while approximately equiatomic compositions were found to assume an amorphous
structure for deposition at room temperature [30]. Figure 2.3 (a) summarizes the
observed effect of composition and structure on the delamination of Ru-Mo films.
Reproducible delamination was achieved for all five investigated Ru-containing
compositions (pure Ru to Ru41Mo59), proving that the effect is not limited to a
narrow compositional range or a certain crystallographic structure. For pure Mo,
we did not succeed in producing free-standing nanolayers by delamination from
the substrate up to annealing temperatures of 700◦C [red line in Figure 2.3 (a)]. No
other indications of reduced adhesion were observed for the annealed Mo films.
We therefore conclude that for the binary Ru-Mo system the presence of Ru is
essential for the reported delamination mechanism.

The necessary ingredients for delamination were further explored by varying the
substrate properties and deposition technique. No delamination was observed for
Ru films on Si(100) without its native SiO2 layer, which had been removed via
etching with hydrofluoric acid. Thicker interlayers of SiO2 (approximately 20 nm),
achieved by annealing the substrates in air, also prevented delamination, most
likely by inhibiting Si diffusion. The orientation of the substrate plays a decisive
role as well, demonstrated by annealing Ru layers on native-oxide terminated
Si(111), for which no tendency towards lower adhesion was observed. Also a
change in deposition method to pulsed laser deposition (PLD) in UHV modified
the Ru/SiO2/Si(100) sufficiently to avoid delamination, whereas silicide formation
was still observed upon annealing. The highly reproducible effect observed on
sputter-deposited Ru/SiO2/Si(100) was thus found to be strongly affected by small
variations in interface properties, such as surface energy, defect density, and
diffusivity in the oxide layer.

Figure 2.3 (b) and Figure 2.3 (c) show scanning electron microscopy (SEM)
images of the free-standing film at the thin-film side of the Ru/Si(100) interface
[Figure 2.3 (b)] and of the substrate [Figure 2.3 (c)] after delaminating a 200 nm
thick Ru77Mo23 film. The thin-film side of the Ru/Si(100) interface is imaged as
a smooth surface with nanoscale speckles that we attribute to small crystallites
in the annealed silicide layer. The most prominent features in the images are
micrometer-sized protrusions with a volcanolike shape, characterized by a thin
cracked layer lifted off the film and a dark “crater”. A large fraction of the
electrons from this central region is prevented from reaching the detector, which
is positioned at an angle of approximately 30◦ with respect to the sample surface,
resulting in a lack of signal. The volcanolike appearance indicates a violent process
of formation, breaking up a thin overlayer of the Ru-based film by pulling (or
pushing) it upwards. We propose that these structures form during the exfoliation
step at locations where the film is still connected to the substrate after annealing.
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Figure 2.3 (a) Schematic summary of the different Ru-Mo thin films investigated. The
production of free-standing Ru-Mo nanolayers (sketch at the bottom) was successful for
pure Ru and all alloy compositions in this study (green area). For pure Mo (red line)
no delamination was observed. (b) SEM micrograph of a 200 nm thick Ru77Mo23 film,
delaminated upon annealing at 700 ◦C and viewed from the side that had been in contact
with the Si(100) substrate. (c) SEM micrograph of the Si(100) substrate after annealing and
exfoliation of the same Ru77Mo23 film.

The strong adhesion at these “defects” leads to a local breakup of an overlayer
upon mechanical exfoliation. In Figure 2.3 (c) a SEM micrograph of the substrate
after exfoliation shows the presence of a high number of rectangular cavities. The
zoomed-in image in the inset reveals that these cavities have the shape of inverse
pyramids of missing silicon in the single-crystalline Si(100) substrate. In the context
of the silicide formation reported above, it is likely that these inverse pyramids are
etch pits, which have been observed as a result of silicide formation on Si(100) for
several metals [31, 32]. Typically the faces of the pyramids follow the crystal plane
with the lowest surface energy. For Si, these are the 111 planes [33], which form
facets at an angle of 54.7◦ with respect to the (100) plane [34].

The high-resolution transmission electron microscopy (HR-TEM) measurements
of a 20 nm thick Ru47Mo53 thin film in Figure 2.4 provide mechanistic insights into
the delamination process. Figure 2.4 (a) shows a cross-sectional high-resolution
TEM image of the as-grown amorphous Ru47Mo53 thin film on a Si(100) substrate
with native SiO2 layer. The topmost layer labeled Pt/C is required for TEM
sample preparation using focused-ion-beam cutting. In Figure 2.4 (b) a zoomed-in
section of the Ru47Mo53 thin film is reported, highlighted with a dashed square in
Figure 2.4 (a). The complete lack of long-range order is evident in the image and
can also be inferred from the two-dimensional fast Fourier transform (2D-FFT)
pattern in the inset. The absence of preferred orientations and of long-range
order results in a broad ring without sharp features in reciprocal space [30]. The
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right-hand side of Figure 2.4 shows HR-TEM images of the Ru47Mo53 thin film
after annealing. The image in Figure 2.4 (c) shows that the amorphous Ru-Mo
film has detached from the Si(100) surface with annealing at 400◦C. The light gray
region between the Ru-Mo layer and the Si substrate corresponds to empty space
created by the detachment of the alloy layer. The darker shaded regions close to
the substrate and the metal film are a result of oxidation and carbon accumulation
during focused-ion-beam cutting (see also Figure 2.10 [27]). A detailed image of
the amorphous Ru-Mo layer after annealing is available in Figure 2.7 [27]. The
dashed white box in Figure 2.4 (c) highlights one of the few locations where the
nanolayer remained locally attached to the substrate since no mechanical force
was applied to complete the exfoliation. The composition of the highlighted region
was investigated using energy-dispersive x-ray spectroscopy (EDX) maps of Ru, Mo,
Si, and O in Figure 2.4 (d)–(g). These measurements reveal the diffusion of silicon
from the substrate into the alloy thin film with annealing. The delaminated Ru-Mo
layer contains a substantial fraction of Si, whereas the as-deposited Ru-Mo film
contains no Si (Figure 2.8 [27]). On the other hand, no diffusion of Ru and Mo
to the Si substrate was observed, as shown in Figure 2.4 (e) and Figure 2.4 (f),
respectively. In addition to the change in composition, the TEM measurements
show that the thickness of the metallic thin film has increased from 20 nm before
annealing [Figure 2.4 (a)] to approximately 32–33 nm afterwards [Figure 2.4 (c)],
corresponding to a swelling by more than 60% with respect to the as-grown film.

In addition to the production of Ru-based membranes, we demonstrate that Ru
delamination can serve as a pathway to achieve free-standing layers of custom
composition. Very thin Ru buffer layers were found sufficient to enable the
exfoliation of free-standing metal nanolayers. For sputter-deposited, 200 nm thick
Mo films, a Ru buffer layer of only 5 nm thickness was enough to enable exfoliation
after annealing at 600◦C. The characteristic change in reflectivity that indicates the
detachment from the substrate was observed already at around 400◦C. For a 45 nm
thick film of the high-entropy alloy HfMoNbTiZr (20:20:20:20:20 at.%) deposited
using PLD, no delamination occurred for 5 nm Ru, but successful exfoliation of
an intact stack of HfMoNbTiZr/Ru/SiO2 [Figure 2.9 (a)] was achieved for a 20 nm
thick Ru buffer layer. We attribute the higher required thickness to intermixing of
the deposited HfMoNbTiZr with the thin Ru layer upon deposition, caused by the
high kinetic energy of the material arriving at the surface during the PLD process.
XPS spectra of successfully delaminated films showed only Ru and Si close to the
interface with the Si substrate [Figure 2.9 (b)], indicating that no significant alloying
between Ru and other metals in the stack occurred at the temperature required for
delamination.

The combined evidence from in situ XPS, visual observation during annealing,
HR-TEM, EDX, and SEM enables us to propose a qualitative delamination
mechanism. Already at 400◦C, Si atoms diffuse through the native SiO2 layer
on Si(100) into the Ru film. The formation of Ru silicide is thermodynamically
favorable and readily proceeds at 400◦C, leading to the incorporation of substantial
amounts of Si. The incorporated Si results in swelling of the film and the buildup
of in-plane compressive stress. However, with all bonds at the interface intact, the
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Figure 2.4 HR-TEM measurements of a 20 nm thick Ru47Mo53 thin film. (a) TEM image
of the as-grown sample showing the crystalline Si(100) substrate, the disordered native SiO2,
and the amorphous metallic thin film. (b) Zoomed-in region of the Ru47Mo53 thin film
[white square in (a)], and corresponding 2D-FFT filtered using a Hann function (inset), both
adapted from Yetik et al. [30]. (c) TEM image of the Ru47Mo53 thin film after annealing at
400 ◦C. (d)–(g) EDX maps of the white dashed rectangular area in (c) for Si, Ru, Mo and O.

barrier for cleaving is high and the Ru/SiO2/Si structure remains intact. However,
if the layer detaches in one location, for example at one of the pyramidal cavities
in the Si substrate, the layer can buckle to locally release the compressive stress
caused by Si incorporation. The atoms directly adjacent to this detached region
experience a strong localized force pulling them off the substrate in addition to
the high compressive stress in the layer. This combination results in the breaking
of bonds and the growth of the delaminated region, which propagates across the
sample in an avalanchelike manner. The in situ XPS results confirm that the
breaking point is the interface between Si(100) and SiO2. This interface is expected
to be the energetically most favorable one to cleave, based on reports of the
surface energies of low-index Si surfaces [35], their native SiO2 layers [36], and on
a higher surface energy of Ru silicide compared to Si(111) [37]. The delaminated
layer remains attached to the substrate at a small number of locations, for example
at defects leading to crystallization of particles at the interface, and is removed
upon mechanical exfoliation.

The HR-TEM images support the proposed mechanism in several respects. In
combination with EDX, they provide information on the diffusing species, the
presence of the native oxide, and the total layer thickness. The EDX results
demonstrate that annealing treatment results in the diffusion of silicon into
the film, whereas no indications for metal diffusion are observed, which is the
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dominant mechanism of silicide formation for several transition metals such as
Ni [38]. The images further indicate that the native oxide layer remains largely
intact, which is also confirmed using in situ XPS. In Figure 2.4 (g) the oxide layer
appears to be thinner and shows spatial variations in density at the connecting
point between film and substrate: this observation indicates that defects in the
silicon native oxide may facilitate the diffusion of Si. This is particularly relevant
since no Si diffusion in amorphous silica is expected at 400◦C [39], in agreement
with the absence of the delamination effect for Ru on thicker SiO2 layers at
otherwise comparable conditions. The formation of silicide thus indicates that the
native oxide is either sufficiently thin to allow for Si diffusion or locally damaged,
for example during sputter deposition, where energetic ions can create defects
that act as diffusion channels and define the starting points of silicide formation.
According to the TEM results, however, the Si is not localized to a small number
of channels but homogeneously distributed in the metal film converted to silicide.
This conversion leads to a considerable increase in equilibrium volume (from about
0.014 to 0.034 nm3/Ru for the example of Ru2Si3) [40], which exceeds the thermal
expansion of all materials in this study over the relevant temperature range by
several orders of magnitude. This increase in volume is borne out by a substantially
larger film thickness (by ≈ 60%) observed in TEM images. In-plane expansion,
however, is blocked by bonds at the interface, preventing full equilibration of the
volume and creating extrinsic compressive stress in the layer [25]. This is in
agreement with the observed buckling upon delamination.

The proposed mechanism further highlights that all three components of the
Ru/SiO2/Si(100) stack are imperative for the delamination to occur. The interface
between Si(100) and its thin native SiO2 layer is crucial as the location of
separation, indicated by the unsuccessful attempts to generalize the effect to
modified interfaces, for example without SiO2, with a thicker SiO2 layer, or with
different surface orientation of Si. An oxide layer of finite thickness is essential
for the detachment, since it ensures a favorable cleavage point with low-energy
surfaces for both the substrate and the free-standing film. The absence of oxygen
from the Si(100) substrate indicates the preference to cleave at a well-defined plane,
minimizing the roughness and number of broken Si-O bonds. The importance
of an intact SiO2-Si interface and oxide layer is highlighted by the absence of
delamination for pulsed laser deposited films, which most likely grow on an oxide
that is damaged by high-energy atoms and ions during the deposition process.
The relevance of the surface orientation is most likely related to the removal of Si
from the surface layer. In the case of Si(100), this removal leads to the formation
of cavities with 111-oriented faces, which are not expected to occur in the same
way on Si(111) but could have an essential role, for example as starting points
for the detachment and buckling of the film. The importance of the element Ru
is clear from the reported observations, but the reasons for this selectivity remain
unclear. The preference for Si as a diffusing species in the formation of Ru silicide
establishes a clear difference to other transition metals such as Ni [38]. The
tendency of Ru to form silicides with significantly larger volume at low temperature
is not sufficiently different from Mo [41] to explain the observed selectivity. The
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preference of Ru for hexagonal structures is not expected to play a decisive role
based on the observed delamination of amorphous Ru-Mo layers. We speculate
that a strong interfacial adhesion at the Ru-SiO2 interface mediates the transfer
of strain to the SiO2-Si(100) interface, potentially related to the coexistence of Ru
silicide and small metallic contributions observed in XPS of the thin-film side of
the delaminated Ru/Si(100) interface.

Finally, the templating experiments with thin Ru buffer layers can also be
explained with the same mechanism. The results indicate that Ru is essential at
the interface, but already 5 nm of Ru buffer layer is sufficient to allow for major
modifications of the metal film without interfering with the delamination. The
increase in required thickness for the high-entropy alloy deposited using PLD, a
deposition technique with high-energy particles impinging at the surface, indicates
that an intact interface with SiO2 and a minimum thickness of continuous Ru in
the first nanometers of the film is essential. For Ru thicknesses surpassing a critical
value, the process is expected to be independent of the deposition technique and
should even allow for growth in reactive atmosphere and at elevated temperature,
provided the Ru layer remains intact and silicide formation does not occur before
inducing delamination. Moreover, this approach could also be applicable to
other functional materials, such as oxides, other ceramics, and high-temperature
polymers.

2.4 CONCLUSIONS

Our results demonstrate that annealing thin Ru-based films on Si(100) with native
oxide leads to the delamination of centimeter-sized free-standing nanolayers, which
detach from the substrate at the sharp interface between Si and its native oxide.
We propose an explanation of the effect based on stress caused by the conversion
of the Ru layer to Ru silicide, concomitant with a strong increase in the equilibrium
volume of the film and the buildup of compressive stress. The layer responds by
buckling, starting locally at pyramidal cavities in the Si substrate. Once the layer
can detach locally, which is easiest at the pyramidal cavities in the Si substrate, it
starts buckling. The detached region grows in an avalanchelike manner, creating
an ultrathin free-standing membrane and leaving behind a clean Si substrate. We
demonstrate that the delamination effect can be generalized to the pure metal
Mo and the PLD-grown complex alloy HfMoNbTiZr by making use of thin Ru
buffer layers. The delamination of Ru-supported layers thus shows potential to
enable the chemical-free fabrication of metal nanolayers of custom composition.
This approach is compatible with a variety of deposition techniques and growth
conditions as well as fully vacuum-based processing, while remaining simple and
environmentally friendly.
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APPENDIX

Video Live delamination of a 100 nm Ru thin film during annealing in UHV
at approximately 400◦C. The sample is mounted onto a standard Omicron plate
with spot-welded Ta strips. As a result of annealing, an area on the left side
of the sample changes in appearance (lower reflectivity and higher apparent
roughness). The modified area expands, propagating across the entire film
towards the right side of the sample in a few seconds. The video is available at
http://link.aps.org/supplemental/10.1103/PhysRevMaterials.6.043402

Figure 2.5 Ex situ XPS investigation of a 100 nm thick Ru thin film after annealing but
prior to exfoliation (film still on the substrate): the XPS survey shows the presence of only
Ru and O without any traces of Si.

57

http://link.aps.org/supplemental/10.1103/PhysRevMaterials.6.043402


2

58 2 APPENDIX

Figure 2.6 In situ XPS investigation of the Ru/Si(100) interface and bare substrate after
annealing and exfoliation in UHV. (a) XPS survey of the Ru/Si(100) interface showing the
presence of O, Ru and Si. (b) Detailed measurement of the Ru/Si(100) interface Si 2p region:
the main Si 2p doublet is shifted 0.3 eV towards a higher binding energy value with respect
to elemental Si, compatible with Ru silicide. The small shoulder visible around 99 eV of
binding energy is assigned to elemental Si. The broad peak detected around 103 eV of
binding energy is assigned to SiO2 (c) XPS survey of the bare substrate showing the presence
of Si and small traces of O; a copper contamination (below 0.2%, as determined from the
peak area) is also detected at 932 eV of binding energy. (d) Detailed measurement of the
bare substrate Si 2p region: the main Si 2p doublet at approximately 99 eV is assigned to
elemental Si. No traces of SiOx species are detected.
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Figure 2.7 High-resolution transmission electron microscopy (HR-TEM) measurements of a
20 nm thick Ru47Mo53 thin film after annealing at 400◦C. (a) TEM image of the annealed
sample showing the crystalline Si(100) substrate, the disordered native SiO2, carbon layers
accumulated during focused-ion-beam cutting, and the amorphous metallic thin film. (b)
Zoomed-in region of the Ru47Mo53 thin film (white dashed square in (a)), and corresponding
2D-FFT filtered using a Hann function (inset).

Figure 2.8 Ex situ XPS investigation of an as-grown 20 nm Ru47Mo53 thin film prior to
annealing and exfoliation: the XPS survey shows the presence of only Ru, Mo and O with no
traces of Si.
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Figure 2.9 (a) Sketch of the free-standing customized nanolayer fabricated using a 20
nm thick Ru thin film as a buffer layer between a 45 nm HfMoNbTiZr high-entropy alloy
thin film and a Si(100) substrate with native oxide. (b) Ex situ XPS investigation of
the HfMoNbTiZr/Ru/SiO2 interface after annealing and exfoliation: only Ru, O and Si are
detected with no traces of other metals.

Figure 2.10 HR-TEM EDX map of Ru, Mo, Si, O and C at a location where the Ru47Mo53
thin film is completely detached from the substrate. The black area underneath the film is
empty space created by the detachment of the film from the substrate.



3
TUNING MATERIAL PROPERTIES VIA

DISORDER: FROM CRYSTALLINE ALLOY TO

METALLIC GLASS

Pathways to tune the electronic, chemical, mechanical, and optical properties of
solids without modifying their composition represent a new paradigm in the design
of functional and sustainable materials. The level of structural disorder - from
perfectly crystalline to fully amorphous – for example, induces remarkable changes
in material properties. Typically, disorder is introduced by altering the composition
of a material, adding to the misconception that these two properties cannot be
decoupled. Here, we demonstrate that striking differences in the optical, electronic,
and corrosion properties of CuZr are achieved by deliberately and reproducibly
engineering the level of structural disorder in pulsed laser deposited thin films of
a constant composition. This approach allows tuning the structure of CuZr from
polycrystalline to fully amorphous, switching the nature of charge transport from
metallic to semiconductor-like, the optical properties in the visible regime from
opaque to transparent, and the corrosion behavior in air from mixed oxidation to
the formation of a protective Zr oxide overlayer. Our results highlight the tunability
of structural disorder in alloys and its remarkable effect on material properties,
providing the opportunity to design sustainable functional materials based on
customizing properties beyond their composition.

A. Troglia, V. Vollema, S. Cassanelli, E. van Heumen, J. van de Groep, A. de Visser, and R. Bliem.
Tuning material properties via disorder: From crystalline alloy to metallic glass. Materials Today
Physics 29, 100893 (2022).
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3.1 INTRODUCTION

Structural disorder in materials is intuitively often considered detrimental compared
to the well-defined long-range order offered by crystalline solids. However, several
examples of amorphous materials are known to exhibit superior properties to
their crystalline counterparts. Metallic glasses [1–4], for example, have gained
considerable attention due to their corrosion resistance [5, 6], mechanical strength
[7, 8], wear resistance [9], and permeability for diffusion [10]. Excellent performance
in catalysis has also been reported for other amorphous materials [11, 12]. The
complete lack of long-range order at the atomic scale has been found to yield
very different mechanical, optical and magnetic properties compared to crystalline
materials [13–15]. In specific applications, the properties of amorphous solids
already find appreciation in the thin-film regime, for example in microelectronic
and biomedical devices and sensors [16, 17]. The penetration of amorphous
materials into new technological fields of application is, however, partly limited by
the perceived lack of flexibility in the structure of (established) materials.

In the context of thin films, structure plays a key role in several applications,
such as perfectly conformal layers for electronics applications [18] or protective
coatings against corrosion in reactive environments, where grain boundaries might
act as diffusion channels and reactive points in crystalline films [19]. It has been
shown that the amorphous structure is more resistant to oxidation compared
to its polycrystalline counterpart due to the lack of structural order [20, 21].
Similarly, grain boundaries together with point defects and surface roughening
strongly influence the charge transport properties in the thin-film regime [22].
Understanding and controlling the electrical conductivity at the nanometer scale
is for example essential to increase the performance of integrated circuits. In this
framework, structural disorder can thus be leveraged to tune the properties of thin
films to specific applications.

Among the vast variety of thin-film metallic glasses that have been developed
and investigated in literature, CuZr stands out as an ideal system for studying
the fundamental role of structure. On the one hand, it is characterized by its
excellent glass forming ability [23, 24]. On the other, many crystalline phases and
intermetallic compounds are known to form at low temperature [25]. Thus, CuZr
is a good model system to study how the thin-film structure affects the material’s
properties at the atomic scale, with several works reporting an amorphous structure
for a wide range of Cu content (18–88 at.%) achieved with sputter-deposition [26,
27], co-evaporation [28] and pulsed laser deposition [29].

However, modifying the structure of a metallic thin film without affecting other
properties is not straightforward. For instance, the amorphous phase in a binary
metal alloy is usually dependent on the stoichiometry of its constituents [30,
31]. As mentioned, CuZr is a good example where the compositional range in
which the amorphous phase is favored is particularly large. Other approaches to
obtain a glassy structure involve very high cooling rates, which are typically in the
order of 1014 Ks−1 for single-element metals [32] and approximately 103 Ks−1 for
selected binary alloys [33]. Thus, the deposition of metallic alloys with the same
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composition but different structure requires dedicated fabrication methods.
In this work, we demonstrate that the level of structural disorder is tunable in

thin films of identical composition by tuning the growth parameters of pulsed laser
deposition (PLD), allowing for growth far from and close to equilibrium. Adjusting
the level of disorder in the layer profoundly impacts the surface chemistry, the
electronic transport properties, and the optical transparency of the thin films. Our
results establish the essential role that structural disorder plays in the optoelectronic
and chemical properties of CuZr thin films. We anticipate the engineering of
material properties through structural disorder to be more universally applicable.
Such structural tuning opens up a new paradigm in materials design, allowing for
the optimization of functional solids for specific technological applications without
the need to modify their composition.

3.2 RESULTS AND DISCUSSION

To systematically study the impact of disorder on optoelectronic and surface
chemical properties of materials, we directly compare CuZr thin films of the
same composition with different structure. The exclusive variation of structure is
achieved by PLD, which is capable of growing well-defined crystalline as well as
off-equilibrium disordered layers. We use the deposition temperature as parameter
to vary the level of disorder in the layer, which we probe using grazing-incidence
x-ray diffraction (GI-XRD).

Figure 3.1 (a) shows the results of the structural comparison of CuZr thin films
deposited at room temperature (RT, blue curve) and at T≈500◦C (red curve). The
diffractograms are fundamentally different. GI-XRD of CuZr grown at RT results
in a typical ‘liquid-like’ pattern expected from a fully amorphous thin film [31,
34]. It is characterized by a very broad peak centered at approximately 37.5◦
with a full-width at half maximum (FWHM) of 8.5◦ and a second broad feature at
approximately 65.0◦ with a FWHM of 10.0◦. No sharp peaks are present in the
GI-XRD pattern. The residual sharp intensity variations above the noise threshold
are correlated to the presence of a low density of large crystallites due to melt
ejection during deposition. The effect of these droplets on the diffraction results
is explained in the Appendix (Figure 3.7). On the contrary, the GI-XRD pattern of
CuZr thin films deposited at T≈500◦C (red curve in Figure 3.1) is characterized
by the presence of several sharp peaks attributed to the formation of crystalline
grains. The main peaks are located at approximately 33◦, 38◦, 40◦, 44◦, 46◦, 67◦
and can be ascribed to different Cu-rich (Cu8Zr3 and Cu10Zr7) and Zr-rich (CuZr2)
crystal phases [24, 26, 27], highlighted by triangular, square and circular symbols,
respectively. No peaks associated to undesired metal-oxide phases such as ZrO2

[26, 35] were detected. Using the FWHM of the crystalline peaks and the Scherrer
equation [36] the mean size of the ordered grains is estimated at approximately
10 nm, which is relatively large compared to the film thickness of this study
(≈20 nm). The high-temperature deposition of the film within the crystallization
temperature range (Tx≈444–527◦C [37, 38]) thus allows for sufficient mobility to
grow polycrystalline CuZr, consisting of relatively large Cu-rich and Zr-rich grains.
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Figure 3.1 (a) GI-XRD results of CuZr thin films deposited at room temperature (RT,
blue curve) and at 500 ◦C (red curve). CuZr thin films grown at RT display two very
broad, weak peaks, characteristic of an amorphous structure. In contrast, the growth at high
temperature favors the formation of a polycrystalline structure of Cu-rich and Zr-rich grains.
(b) Photograph of a polycrystalline (top) and amorphous (bottom) CuZr thin film showing
stark differences in the visible optical properties: the amorphous film is partially transparent,
while the polycrystalline film is opaque and dark.

On the other hand, keeping the substrate at RT leads to a rapid quenching of the
ablated material in an amorphous structure, which is favored in the compositional
range chosen in this study [23, 24]. Annealing the amorphous layer is expected
to induce crystallinity at comparable temperatures, but is expected to result in a
broader distribution of crystallite sizes and stronger tendency towards break-up
and dewetting.

Figure 3.1 (b) displays an optical photograph of the polycrystalline (top) and the
amorphous (bottom) CuZr films, illustrating the dramatic influence of the level of
structural disorder on the optical properties of CuZr in the visible spectral range.
Despite having the same thickness, the amorphous CuZr thin film is partially
transparent, while the polycrystalline layer is opaque, dark and reflective. While
these images were acquired in air, the same difference in appearance is also
observed immediately after growth in ultra-high vacuum (UHV).

Disorder is also considered a promising parameter to engineer the smoothness
and homogeneity of coatings, which we probe using atomic force microscopy
(AFM). Indeed, stark differences between the CuZr thin films deposited at RT and
at T≈500◦C are observed in the surface topography shown in Figure 3.2. The AFM
micrograph of the amorphous film deposited at RT shows a smooth, near-featureless
morphology down to the nanometer scale. In contrast, the polycrystalline film
deposited at T≈500◦C displays a richer morphology dominated by protruding
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features with a typical diameter of 20–25 nm, comparable to the average thickness
of the continuous film. The thin-film surface roughness is significantly lower for the
amorphous film than for its polycrystalline counterpart, as quantified by respective
root-mean-square height variations Sq of 0.5 nm and 2.4 nm. Such a difference
is unsurprising, as the development of grain boundaries in a polycrystalline
material is known to promote roughness [31]. Additionally, significant differences
in roughness have been previously reported for sputter-deposited CuZr films
of various compositions due to composition-induced changes in structure and
crystallinity [27, 39]. Here, in contrast, the film composition is constant and the
difference is thus only due to the absence/presence of crystallinity.

Figure 3.2 Atomic force microscopy (AFM) micrographs of an amorphous (a) and a
polycrystalline (b) CuZr thin film measured in air. Both images are displayed with the same
height scale as indicated by the color bar. The amorphous film is characterized by a smooth
surface with a very low surface roughness, whereas the polycrystalline film presents a grainy
surface morphology with a much higher surface roughness, illustrated by the respective
schematics below.

To study the effect of structural disorder on the surface chemical properties of
the CuZr thin films we use x-ray photoelectron spectroscopy (XPS) before and
after air exposure. The thin films were first measured in situ after growth in
UHV to infer the chemical composition and the purity level of the surface without
air exposure. A survey spectrum of an as-grown CuZr thin film is reported in
Figure 3.8 (a), showing only core-level peaks ascribed to Cu and Zr, with minor
traces of oxygen contamination. The XPS results of amorphous and polycrystalline
CuZr thin films after air exposure are reported in Figure 3.3. The detailed Cu 2p
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regions of an amorphous (blue curve) and a polycrystalline (red curve) CuZr thin
film exposed to air are compared to an as-grown film (black curve) measured in
situ in Figure 3.3 (a). The Cu 2p spectrum of the air-exposed amorphous film
almost exactly matches the spectrum of the as-grown film measured in UHV: the
Cu 2p3/2 peak is fitted with a single component at a binding energy (EB ) of 932.9
eV (Figure 3.3 (b)), in good agreement with literature values for metallic Cu [40]. No
satellite features characteristic of Cu oxide and hydroxide species [40] are detected
in the blue and black spectra. To further confirm the assignment as metallic Cu
and exclude Cu2O, the Cu L3M4,5M5 Auger parameter was calculated, since it has
been shown that the Auger spectral line-shape and position directly depends on
the Cu oxidation state and species [40, 41]. The Cu L3M4,5M5 Auger spectrum is
reported in Figure 3.9 (a): the main peak is located at EB =567.4 eV, resulting in an
Auger parameter α’=1851.1 eV [42], in excellent agreement with the expected value
for Cu0 [40]. These results indicate that Cu is fully metallic both in the as-grown
and in the amorphous air-exposed CuZr thin film.

Polycrystalline CuZr, on the other hand, shows a very different Cu 2p XPS
spectrum. The red curve in Figure 3.3 (a) shows the clear presence of a shoulder
and a satellite feature at higher binding energy values. The detailed peak-fit
reported in Figure 3.3 (c) reveals the presence of the main metallic Cu 2p3/2

peak at EB =932.6 eV together with two sets of components ascribed to CuO
and Cu(OH)2 species [40]. The analysis of the corresponding Auger parameters
further confirms these results (see Figure 3.9 (b)). These findings indicate that, in
contrast to amorphous CuZr thin films, Cu is partially oxidized after air exposure
in polycrystalline CuZr.

While air exposure led to very different results regarding the oxidation behavior
of Cu in amorphous and polycrystalline CuZr thin films, the behavior of Zr is
similar in both cases. Figure 3.10 reports the detailed XPS spectra of the Zr 3d
region for amorphous CuZr (a) and polycrystalline CuZr (b) after air exposure. Both
spectra display a main doublet ascribed to ZrO2 [43], with a Zr 3d5/2 peak centered
at EB≈182.8 eV. A low-intensity peak at EB≈179.5 eV ascribed to metallic Zr [43] is
visible for the polycrystalline sample, while no other Zr species are detected in the
amorphous film. Moreover, the relative surface composition of the films changes
dramatically after air exposure, with a reduction of the total Cu XPS intensity and
an enrichment of Zr at the surface in both amorphous and polycrystalline CuZr
thin films (from XPS we estimate Cu:Zr=31:69 (±1 at.%) and Cu:Zr=39:61 (±1 at.%)
for amorphous and polycrystalline, respectively).

To identify the difference in oxidation mechanism, the nature of the oxides
formed on the amorphous and polycrystalline layers was investigated using Raman
spectroscopy measurements in air. Figure 3.4 shows the recorded Raman shift
for polycrystalline CuZr (red curve), amorphous CuZr (blue curve) and a bare
Al2O3(0001) substrate (black curve). Again, a clear difference is visible as a function
of the thin-film structure. The polycrystalline spectrum is characterized by two
very broad but distinct peaks centered at around 277 cm−1 and 330 cm−1, which
can be ascribed to phonon modes in tetragonal ZrO2 (t-ZrO2) and CuO [44, 45],
respectively, while no clear peaks are detected in the spectrum of the amorphous
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Figure 3.3 X-ray photoelectron spectroscopy (XPS) measurements of amorphous vs.
crystalline CuZr thin films exposed to air. (a) Cu 2p region of amorphous (blue) and
crystalline (red) CuZr thin films after air exposure; the spectrum of an as-grown film (black)
acquired in situ is also reported as a comparison. The curves are vertically offset for
better visibility. (b) Cu 2p3/2 region of the amorphous CuZr thin film after air exposure:
the spectrum shows a single peak associated with metallic Cu. (c) Cu 2p3/2 region of
the polycrystalline CuZr thin film after air exposure: the spectrum shows three different
components associated with metallic Cu, CuO and Cu(OH)2.

thin film. Moreover, the characteristic sharp peaks of the sapphire substrate are
clearly visible above the background intensity of the amorphous CuZr spectrum,
whereas only the most intense peak of the sapphire substrate at approximately 415
cm−1 is still detected in the case of polycrystalline CuZr. This strong difference in
attenuation is consistent with the observed opaque nature of the polycrystalline
layer reported in Figure 3.1 (b).

The substantial differences in the surface oxidation behavior of air-exposed
amorphous and polycrystalline CuZr observed in XPS and Raman spectroscopy
allow insights into the structure-dependent oxidation mechanism. As expected for
a binary alloy with very different oxygen affinities such as CuZr [21, 46], both
systems are characterized by a strong preferential oxidation and surface enrichment
of Zr upon air exposure. However, the structure of the thin film plays a major
role. In amorphous CuZr, a ZrO2 layer fully passivates the surface and prevents
Cu underneath from oxidizing. Based on previous reports for air-exposed [47]
and thermally oxidized [21] amorphous CuZr films as well as CuZr-based alloys
[19], the ZrO2 layer is expected to be closed and amorphous. The lack of peaks
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Figure 3.4 Ex situ Raman spectroscopy measurements of polycrystalline (red curve) and
amorphous (blue curve) CuZr thin films together with a bare Al2O3(0001) substrate (black
curve), performed with an excitation wavelength of λ=532 nm. The curves are vertically
offset for better visibility. The spectrum of polycrystalline CuZr is characterized by two broad
peaks at 277 cm−1 and 330 cm−1, not detected in amorphous CuZr, ascribed to t-ZrO2
and CuO. The sharp peaks of the Al2O3(0001) substrate are still clearly visible above the
background in amorphous CuZr, which indicates an overall weak optical absorption of the
film around the pump wavelength.

in the Raman spectrum of oxidized amorphous CuZr corroborates this conclusion
[48]. The improved oxidation resistance is attributed to the absence of grain
boundaries, defined structural defects and energetically favored interstitial sites
that promote O2 dissolution and diffusion within the film [19–21, 49]. Assuming a
flat, homogeneous overlayer of amorphous ZrO2 on crystalline Cu [50], we estimate
the thickness of the oxide to be approximately 2.5–3.0 nm.

In polycrystalline CuZr, on the other hand, ZrO2 is expected to be at least
partially crystalline, based on previous findings for thermally oxidized crystalline
CuZr [21]. This expectation is confirmed by the observation of peaks ascribed to
t-ZrO2 and CuO in the Raman spectrum. The very large FWHM of these peaks,
as compared to the sapphire substrate, indicates the formation of defective oxide
crystallites with relatively small grain size, which is also suggested by the lack of
corresponding oxide peaks in GI-XRD. The formation of ZrO2 with a tetragonal
structure at RT, instead of the more stable monoclinic one, has already been
observed in CuZr thin films for ZrO2 nanocrystals below a critical size of 30 nm
[47]. The rough, polycrystalline CuZr layer thus favors the formation of crystalline
oxides and inhibits the formation of a closed amorphous ZrO2 passivating layer. As
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a result, grain boundaries and other structural defects are present, which serve as
a pathway for O2 diffusion and act as reactive points. Consequently, Cu is partially
oxidized upon air exposure, resulting in an estimated composition of 50% Cu0,
17% CuO and 33% Cu(OH)2 measured in XPS spectra. The presence of a fraction
of Cu2O in the peak attributed to Cu metal cannot be excluded due to the close
overlap of the respective XPS peaks. For Zr, only a small fraction of 5% remains
metallic.

The marked difference in the visible optical absorption suggests that the structure
might also play a key role in the conductivity of the CuZr thin films. Therefore, we
investigate the charge transport properties from RT down to 4.2 K (liquid He) in a
four-probe van der Pauw configuration [51]. Figure 3.5 shows the conductivity of
polycrystalline (a) and amorphous (b) CuZr thin films as a function of temperature.
The conductivity in polycrystalline CuZr is approximately 6.0 mΩ−1cm−1 at RT and
does not show a clear temperature dependence. Variations in the order of 0.5%
are visible and can be ascribed to small modifications in the probe contacts with
cooling. In stark contrast, the conductivity of amorphous CuZr is significantly
lower, approximately 4.8×10−2 mΩ−1cm−1 at RT, and decreases with decreasing
temperature following an inverse exponential law.

Figure 3.5 Conductivity as a function of temperature for polycrystalline (a) and amorphous
(b) CuZr thin films measured in a four-probe van der Pauw configuration. The conductivity
in polycrystalline CuZr is independent of temperature while in amorphous CuZr it follows
an inverse-exponential law as a function of temperature. The red solid curve in (b) is a fit
to Mott’s variable range hopping 3D model, which is in excellent agreement with the data.

These results clearly indicate that the charge transport follows entirely different
mechanisms in amorphous CuZr compared to its polycrystalline counterpart. In
general, the conductivity in polycrystalline metallic thin films strongly deviates
from the corresponding single-crystalline material and is reduced by point defects,
external surfaces and in particular grain boundaries, which are found to be the
dominant factor in the thin-film regime [52–54]. The conductivity in polycrystalline
CuZr does not show a clear temperature dependence and is approximately two
orders of magnitude lower than the value obtained for pure Cu thin films of
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comparable thickness [55]. This indicates that the characteristic network of
grain boundaries strongly reduces the electron mean free path and dominates
the transport properties of the film, which behaves like a defective metal. The
temperature-dependent resistivity change of the pure metal thus contributes too
little to the overall resistivity to be clearly discernible in the measured temperature
range. Similarly, disorder is expected to play a key role in amorphous CuZr, since
it increases the electron scattering and reduces the electron mean free path. It
is worth noting that the conductivity value at RT in amorphous CuZr is also
considerably lower than values reported previously for CuZr [27], and Cu-based
[56, 57] as well as other amorphous alloys films [58]. This discrepancy might be
attributed to size effects based on the film thickness (≈20 nm), which are expected
to increase the total resistivity [59].

To understand the temperature-dependence of the conductivity in amorphous
CuZr we consider the charge transport mechanism in highly disordered systems,
as described in detail by Mott [60]. The conductivity σ in amorphous materials is
expected to follow the expression:

σ(T ) =σ0exp

(
−T0

T

)α
(3.1)

where α is a characteristic exponent that assumes the value 1/3 or 1/4 in a
two-dimensional and three-dimensional system, respectively. According to this
model, known as Mott’s variable range hopping conductivity, the theory of
conductivity for doped semiconductors can also be applied to amorphous solids.
In particular, the absence of long-range order induces a strong localization of
the electronic states at individual atomic sites, with no electronic band structure
formed in k-space. Similar to conduction in a semiconductor, the charge transport
in an amorphous solid is dominated by a thermally activated hopping of electrons
between localized states with energies concentrated in a narrow band near the
Fermi level [60]. The conductivity is thus strongly dependent on temperature
and shows a universal behavior with σ0 ∝ exp(−T0/T )α. The red solid curve in
Figure 3.5 (b) is a fit to Mott’s variable range hopping model with α=1/4 (3D),
which is found to be in excellent agreement with the experimental data over the
entire temperature range (4.2–300 K). This result indicates that the electrons are
indeed strongly localized in amorphous CuZr. The observation of three-dimensional
hopping conduction indicates that the film thickness (≈20 nm) is significantly
larger than the average hopping length, which defines the natural length scale of
the process and corresponds to the average separation between available sites [61].
Since the model employed to interpret the transport properties does not provide
information about the effective band gap, we derive this property from optical
reflectivity measurements (see Appendix for details). Based on a simple model
with a single Lorentzian oscillator, the band gap of amorphous CuZr is estimated
at 1.0±0.1 eV, which is in the same range as the gaps of several materials that are
heavily used in semiconductor technology.

In addition to the scientific interest in the observed changes in the optical,
electronic, and surface chemical properties of CuZr with structural disorder, the
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additional flexibility of the alloy film with respect to its transparency, corrosion
resistance and reactivity, as well as its conductivity and transport mechanism
provides an obvious link to a variety of applications. Tuning these properties while
maintaining the (metal-based) composition of the layer is attractive in numerous
contexts, including metal-based transparent coatings, catalysts with optimized
electronic structure, customized corrosion-resistant coatings, and structures with
tailored conductivity in the semiconductor industry.

3.3 CONCLUSIONS

In summary, our results demonstrate that the level of structural disorder in
alloys is tunable and can induce drastic changes in the electronic, chemical,
and optical properties of materials. In a direct comparison of amorphous and
crystalline layers grown using PLD, we observe mechanistic differences in oxidation
resistance, electronic transport, and optical transparency. The properties of the
polycrystalline CuZr layers are dominated by their (defective) crystalline nature
including grain boundaries, whereas the disordered nature of amorphous CuZr
results in superior corrosion resistance and semiconductor-like electronic and
optical properties. Our results establish tuning structural disorder in materials as
a new route towards customizing functional materials to their application. This
approach provides access to new applications for established materials and could
loosen rigid constraints on composition in materials design, thus paving the way
to the increased use of sustainable materials.

3.4 METHODS

3.4.1 SAMPLE PREPARATION

CuZr thin films were deposited onto 5×5 mm2 Al2O3(0001) substrates (Siegert
Wafer GmbH) via pulsed laser deposition using a KrF excimer laser (λ=248
nm, 20 ns pulse duration) with a typical energy density of 4.5 J/cm2 and laser
repetition rate of 10 Hz. The substrates were cleaned prior to deposition with
sequential ultrasonic bath of acetone and isopropanol. A 99.95% pure CuZr (50-50
at.%) target (Alineason Materials Technology GmbH) was used for the deposition
process. The base pressure of the system was better than 5.0×10−10 mbar.
The room temperature depositions were performed in 1.0×10−1 mbar Ar (purity
6.0) background pressure. The high-temperature depositions were performed in
ultra-high vacuum: an infrared laser heater (λ=980 nm) was used to heat the
substrates while the temperature was monitored with a pyrometer. The thickness
of the thin films was approximately 20 nm, measured with an atomic force
microscope. The composition of the deposited thin films was inferred by means of
energy-dispersive x-ray spectroscopy (EDX) using a FEI Verios 460 SEM-EDX system
equipped with a Schottky field electron gun and an Oxford Xmax 80 detector. The
measured composition was found to be CuZr:44–56±1 at.% for room temperature
depositions and CuZr:43–57±1 at.% for high-temperature depositions (T≈500◦C).
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The difference between film and target composition, i.e. the slight enrichment in
total Zr content of the film, can be ascribed to resputtering effects typical of metals
and alloys deposited with pulsed laser deposition [62, 63].

3.4.2 X-RAY DIFFRACTION

The structural properties of CuZr thin films were investigated ex situ by means of
x-ray diffraction measurements in grazing-incidence configuration to minimize the
contribution of the substrate. The GI-XRD investigation was performed using a
Bruker D8 QUEST diffractometer system equipped with an Incoatec IµS 3.0 CuKα
x-ray source (λ=1.5406 Å) and a PHOTON II Charge-integrating Pixel Array Detector
(CPAD). Outliers corresponding to isolated saturated pixels of the detector have
been removed in Figure 3.1 (a). The raw data are shown in Figure 3.6 of the
Appendix.

3.4.3 ATOMIC FORCE MICROSCOPY

AFM measurements were performed using a Bruker Dimension Icon system
operated in tapping mode. The measurements were carried out inside a
soundproof chamber on a vibration isolation table. The images were processed
and analysed using Gwyddion software.

3.4.4 X-RAY PHOTOELECTRON SPECTROSCOPY

XPS measurements were performed in a UHV setup (base pressure better than
1.0×10−9 mbar) equipped with a Scienta Omicron R4000 HiPP-3 analyser (swift
acceleration mode, 1 mm entrance slit) and a monochromatic Al-Kα x-ray source
(1486.6 eV). The CuZr thin films were first investigated in situ to infer the chemical
composition of the surface: the samples were transferred from the PLD growth
chamber to the XPS analysis chamber via an UHV transfer system to prevent
contamination due to air exposure. The ex situ measurements (i.e. after air
exposure) were performed on samples kept in the same ambient conditions for
approximately two weeks. Survey spectra were recorded at a pass energy (PE)
of 500 eV, while detailed spectra were recorded at PE=100 eV. The spectra were
processed and analysed using KolXPD software (Kolibrik).

3.4.5 OPTICAL SPECTROSCOPY

A WITec alpha300 confocal Raman microscope was used to perform Raman
spectroscopy measurements ex situ on CuZr thin films. The samples were mounted
on a capacitive controlled piezo-stage with 3 nm lateral positioning accuracy. A
continuous laser (λ=532 nm) was used as excitation wavelength and focused on
the sample by a Zeiss EC Epiplan-Neofluar 100x objective (NA=0.9). The scattered
light was collected by the same objective and detected with a fibre-coupled WITec
UHTS 300 spectrometer (blaze wavelength 500 nm and 600 g/mm grating) and an
Andor EMCCD. Fourier transform infrared spectroscopy was used to determine the
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reflectivity of the samples over the energy range from 4 meV to 2.7 eV using a
previously reported combination of sources, beam-splitters and detectors [64].

3.4.6 TRANSPORT MEASUREMENTS

Resistance measurements were carried out in the temperature range 4.2–300 K in
a Physical Properties Measurement System/Dynacool (Quantum Design) using the
resistivity option. Current and voltage contacts were attached to the corners of
the samples by silver paint. Resistance data were taken in two van der Pauw
configurations, after which the conductivity σ(T ) was evaluated by the van der
Pauw relation [51]. The excitation current was 1 µA.
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APPENDIX

Figure 3.6 2D diffraction patterns corresponding to CuZr thin films grown at RT (a) and at 500 ◦C
(b). The integration of the area marked with a light blue line allowed to extract the diffractograms
reported in (c). The sharp spikes marked with an asterisk in (c) are artefacts of the measurement
ascribed to saturated pixels on the 2D detector (indicated in (a) and (b) with white arrows). These
artefacts have been removed in Figure 3.1.
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Figure 3.7 (a) GI-XRD diffractograms of a CuZr thin film deposited at room temperature derived
from a 2D diffraction pattern by integrating over different ranges of in-plane angles, indicated in
(b). The sharp features marked with black arrows in (a) are ascribed to diffraction from individual
crystalline droplets from melt ejection. The corresponding diffraction spots are marked with black
arrows in the zoomed-in image of the 2D detector (c).
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Figure 3.8 In situ XPS investigation of an as-grown CuZr thin film. (a) XPS survey showing
the presence of Cu, Zr and small traces of O. (b) Detailed measurement of the Zr 3d region: the
main doublet is located at EB =178.6 eV, indicating that Zr is mostly metallic. Small traces of Zr4+
around EB =182.3 eV are visible in the tail of the Zr 3d doublet. From the measured XPS peak
areas we can estimate a 5% surface contamination with oxygen. We ascribe the presence of a
small amount of oxygen to the interaction of the highly reactive element Zr with water still present
in the deposition and measurement vacuum chamber, despite the excellent background pressure
(better than 5.0×10−10 mbar and 1.0×10−9 mbar, respectively). This is clearer by considering the
as-grown XPS spectrum of the Zr 3d region shown in (b): the main Zr 3d5/2 peak is located at
178.6 eV of binding energy, in good agreement with the expected value for metallic Zr [1]. On the
other hand, the presence of a small contribution from ZrO2 species around 182.3 eV [1] is visible
as a weak shoulder in the tail of the metallic Zr 3d3/2 peak. Also, the presence of small traces of
sub-oxide species in the range between 179.0 eV and 182.0 eV [1] cannot be excluded. Nevertheless,
the total oxygen content is very low, confirming the high purity of the as-grown CuZr thin films.

Figure 3.9 XPS measurements of the Cu L3M4,5M5 Auger region for amorphous (a) and polycrys-
talline (b) CuZr thin films after air exposure. The main peak position is marked with a dashed line.
The calculated Auger parameter (α’=1851.3 eV) for polycrystalline CuZr is in very good agreement
with the calculated value for metallic Cu [2] in amorphous CuZr. However, the higher spectral
intensity around EB =570 eV suggests the presence of peaks ascribed to CuO (expected at EB≈569.0
eV [2]) and Cu(OH)2 (expected at EB≈570.4 eV [2]) in the polycrystalline CuZr film.
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Figure 3.10 XPS measurements of the Zr 3d region for amorphous (a) and polycrystalline (b)
CuZr thin films after air exposure. Both spectra display a main peak centered at EB =182.8 eV
ascribed to ZrO2. The polycrystalline film shows the presence of an additional, low-intensity peak
centered at EB =179.5 eV and ascribed to metallic Zr.

Figure 3.11 Full (left) and detailed (right) reflectivity data of amorphous (blue) and polycrys-
talline (red) layers of CuZr as well as an Al2O3(0001) reference sample (black) measured using
FTIR.
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OPTICAL MEASUREMENT OF THE BAND GAP OF AMORPHOUS CUZR

We determined the reflectivity of our thin films with Fourier transform infrared spec-
troscopy. Three experiments were performed that enabled us to determine the optical
response of the polycrystalline and amorphous film. In the first experiment we deter-
mine the reflectivity of the bare, sapphire substrate, see Figure 3.11. Since the backside
of the Al2O3 (0001) substrate is unpolished, Fabry-Perot interference does not play a
role in this experiment. We determine the reflectivity over the energy range from 4
meV to 2.7 eV, using a combination of sources, beam-splitters and detectors [3]. We
first determine the reflected intensity from the substrate and subsequently use evapo-
rated gold (below 0.6 eV) or silver (above 0.6 eV) as reference to determine the absolute
reflectivity. The excellent agreement between the reflectivity determined in different
energy ranges and with different reference materials indicate an error on the reflectiv-
ity between 0.1% and 0.3%.

The reflectivity of the substrate-film samples is determined in exactly the same way
as the substrate. Comparing the three measurements in Figure 3.11, we see distinct dif-
ference between the bare substrate and the two substrate-film samples. Starting with
the bare substrate, the reflectivity shows a series of infrared active phonon modes be-
low 100 meV. The mode frequencies extracted from a Drude Lorentz model (see below)
agree well with previously reported values [4]. Above 100 meV, the reflectivity is nearly
frequency independent up to the limit of our energy range.

The reflectivity of the substrate with amorphous film is very similar to the bare sub-
strate in the phonon energy range. The reflectivity in the NIR-VIS range of the spec-
trum is however significantly higher and acquires a frequency dependence. This points
to an interband transition in this energy range. The reflectivity of the substrate with
polycrystalline film is significantly different also in the far-infrared range. We still ob-
serve the same set of phonon modes, but they are significantly less pronounced. The
NIR-VIS reflectivity is higher than both the amorphous film and substrate as could be
expected from the distinctly different color one can observe with the naked eye.

To extract the optical conductivity, we model the reflectivity date using RefFit [5].
In a first step we determine a Drude–Lorentz model that reproduces the reflectivity of
the bare substrate. This is used as input in a model that solves the Fresnel equations
for the combined substrate plus film data. In this model, the measured reflectivity is
reproduced with the previously determined substrate model and a second model for
the dielectric function of the film. From this analysis we can estimate the DC conduc-
tivities for both films. We find σDC ≈5.8 mΩ−1cm−1 for the polycrystalline film and
σDC ≈1.5x10−1 mΩ−1cm−1 for the amorphous film.

Reproducing the measured reflectivity data for the amorphous film requires a single
Lorentzian-like oscillator at high energy. This allows us to make an estimate of the
bandgap of the amorphous film at approximately 1.0±0.1 eV (see Table below).
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Table 3.1 Drude-Lorentz model mode frequencies in meV. In this table, ωp is the plasma
frequency, γD indicates the line broadening, ωp is the central frequency of the Lorentz oscilla-
tor or phonon mode and fp is the corresponding oscillator strength. The phonon modes of the
Al2O3(0001) substrate correspond well with previously reported literature. The final row of the
table indicates the estimated ϵ∞, which is a measure of high-energy interband transitions above
our energy range.
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4
BRIDGING THE GAP BETWEEN

HIGH-ENTROPY ALLOYS AND METALLIC

GLASSES: CONTROL OVER DISORDER AND

MECHANICAL PROPERTIES OF COATINGS

High-entropy alloys (HEAs) and high-entropy metallic glasses (HEMGs) represent
two intensively researched classes of materials with high technological interest
for applications as functional coatings with high strength, hardness, toughness,
and corrosion resistance. The distinctive structural difference between single-phase
crystalline solid solutions for HEAs and liquid-like disorder for HEMGs generates
a seemingly insuperable contrast. In this work, we demonstrate that we can
deliberately choose between crystalline or glassy properties by introducing structural
disorder in HfMoNbTiZr thin films of identical composition. Using pulsed laser
deposition (PLD) at different growth conditions, we reproducibly tune the structure
of HfMoNbTiZr coatings from crystalline to fully amorphous. We show that the level
of disorder has a profound impact on the mechanical properties of the coatings using
the hardness derived from nanoindentation measurements as an example. While
the hardness of polycrystalline HfMoNbTiZr layers already substantially exceeds the
single-phase bulk value, the amorphous HfMoNbTiZr is even close to 30% harder,
demonstrating a distinctive improvement with introducing disorder. Our findings
bridge the two seemingly different concepts of HEAs and HEMGs and demonstrate
that structural disorder is not a given material property. Instead, disorder can serve
as a useful design parameter for customizing the properties of functional coatings.

This chapter has been submitted for publication in a modified form as: A. Troglia, C. Leriche, M.
van de Poll, G. ten Brink, B. J. Kooi, B. Weber, and R. Bliem. Bridging the gap between high-entropy
alloys and metallic glasses: Control over disorder and mechanical properties of coatings (2024).
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4.1 INTRODUCTION

4.1.1 HIGH-ENTROPY ALLOYS: A BRIEF OVERVIEW

For thousands of years, alloying has been a key driving force in humankind’s
technological advancement [1]. Some major accomplishments in the field of
metallurgy and alloy development directly affected the history of civilization. For
example, one of the first alloys to be discovered was bronze, obtained by diluting
copper with small quantities of tin. This finding led to the end of the Stone Age and
the start of the Bronze Age, characterized by the widespread use of bronze due to
its superior mechanical properties compared to stone. Similarly, the development
of ferrous metallurgy and, in particular, the discovery of steel (an alloy of iron and
carbon), led to the end of the Bronze Age and the birth of the Iron Age. Further
improvements in the ability to precisely control the level of minor additions and
impurities in iron alloys initiated the industrial revolution of the 19th century.

Alloying continued to be a driving force for technology also during the 20th

century, with new lightweight and highly durable alloys boosting the development of
several branches of industry such as aerospace engineering and telecommunication.
These achievements have been possible with traditional alloying, that is, to select a
small number of base elements with interesting properties and enhance them by
adding small quantities of other elements. However, over the past few decades,
many properties and possibilities of traditional alloying have been intensively
explored: for example, almost all of the available elements have been studied as a
base for simple alloys [2]. A new approach towards alloying is therefore required
for a breakthrough in the field of materials development, going beyond incremental
improvements. In this context, the so-called high-entropy alloys (HEAs) represent a
radically novel concept, breaking with the traditional notion of alloying by working
with multiple principal elements beyond the concentration of dopants [2, 3].

The commonly accepted definition of a HEA is ‘an alloy consisting of five or
more principal elements with an atomic concentration between 35 and 5 at.%,
forming a single-phase solid solution [4]’, i.e. a homogeneous mixture of atoms
in one common, well-defined crystal structure. The latter represents the main
discriminating factor between a true HEA and an ‘ordinary’ multi-component alloy,
where the formation of various intermetallic phases with different crystal structures
is generally favored [5]. This novel approach in materials design led to the synthesis
of numerous HEAs with remarkable properties such as higher mechanical strength
than the binary combinations of the constituent elements [5–8], increased ductility
and toughness at cryogenic temperatures [9], and even superconductivity [10].

As can be intuitively imagined, not all mixtures of a large number of principal
elements will form single-phase high-entropy alloys. In the past few years, several
sets of rules with different levels of complexity have been developed in order
to predict the formation and equilibrium structure of HEAs [11, 12]. Simple
solid-solution formation rules for high-entropy alloys take into account three main
parameters of the elements and their binary mixtures [13], that is the mixing
enthalpy (∆Hmi x ), the entropy of mixing (∆Smi x ), and the atomic size difference δ,
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which is defined as [13]:

δ=
√√√√ N∑

i=1
ci

(
1− ri

r

)2
(4.1)

Where N is the total number of elements, ci is the relative atomic percentage of an
element, ri is the corresponding atomic radius and r is the average radius weighted
with the concentration. The mixing enthalpy ∆Hmi x describes the chemical affinity
between the principal elements of the mixture and is defined as [13]:

∆Hmi x = 4
N∑

i=1,i ̸= j
∆Hi j ci c j (4.2)

Where ∆Hi j is the mixing enthalpy of the i-th and j-th element of the alloy. Finally,
the last and perhaps most interesting parameter is the entropy of mixing ∆Smi x ,
or configurational entropy, which gives HEAs their peculiar name. For the ideal
random mixture, it is defined following Boltzmann’s equation as [13]:

∆Smi x =−R
N∑

i=1
ci l n(ci ) (4.3)

Where R is the ideal gas constant. The case of an equiatomic alloy of N elements
maximizes this entropy term, which increases with every element added to the
mixture:

∆Smi x = Rl n(N ) (4.4)

A large value of ∆Smi x can significantly lower the corresponding Gibbs free-energy
of mixing ∆Gmi x = ∆Hmi x −T∆Smi x and favor the formation of solid solutions
instead of intermetallic phases of a subset of the constituent elements [13].
Empirical rules developed in the literature set the conditions for the entropic
effect to play a role, that is, small atomic size mismatch (δ<∼ 0.066) and slightly
positive or negative mixing enthalpy (∼−11.6 <∆Hmi x < 3.2 kJ/mol) [14]. It is clear
then that high configurational entropy alone is not sufficient to stabilize solid
solutions, which are the result of a more complicated interplay between order
and disorder. This is confirmed by the fact that, despite tens of thousands of
research publications over the past years, only ≈80 single phase (i.e.‘true’) HEAs
have been identified and produced. The majority of complex multi-component
alloys investigated is multi-phase [8].

On the other hand, large atomic size mismatch (δ > 0.064) and noticeably
negative enthalphy of mixing (∆Hmi x < −12.2 kJ/mol) favor the formation of
amorphous mixtures, which are called high-entropy metallic glasses (HEMGs) [14].
These materials are also considered a promising, novel class of alloys expected
to merge features of both metallic glasses and high-entropy alloys, such as
high strength, ductility, hardness, wear resistance, and thermal stability [15, 16].
However, the formation of an amorphous structure is in direct competition with
ordered intermetallic phases. In general, the tendency of alloys to form amorphous
phases is determined by their glass-forming ability (GFA), a parameter based on
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empirical rules, such as significant atomic size difference, and negative enthalpy
of mixing among the constituents [17]. Recent studies show that, similarly to
conventional metallic glasses (MG), the GFA of HEMGs is strongly related to the
chemical composition of the alloy [16]. Accordingly, common design strategies of
HEMGs are careful selection of the constituent elements, and GFA enhancement
with minor elements additions [15, 16]. In this context, the ability to directly
compare HEAs and HEMGs without varying the composition could highlight the
effects of configurational disorder on a regular lattice (HEA) versus structural
disorder (HEMG), and their benefits/disadvantages for specific applications.

4.1.2 HIGH-ENTROPY ALLOY THIN FILMS

Since the first studies on high-entropy alloys [6, 7], an increasing amount of
research was devoted to the synthesis of novel HEAs and investigation of their
properties, particularly on bulk samples. The continuous demand for functional
coatings with improved properties such as high strength, hardness, and wear
resistance led to growing interest in high-entropy alloy thin films (HEATFs) [18–20].
In particular, this trend is based on the widely used assumption that they would
retain the same remarkable features of their bulk counterparts. Indeed, reports
on HEATFs confirm outstanding properties, such as high thermal and chemical
stability at elevated temperatures, excellent strength and hardness, superior
resistance to irradiation, wear, fatigue, corrosion and oxidation [18–21].

In particular, HEATFs based on refractory metals like Nb, Mo, Ta, and W have
attracted considerable interest thanks to their excellent mechanical properties such
as high strength and toughness, and thermal stability owing to their high melting
point [22–24]. Among the vast class of refractory HEAs, HfMoNbTiZr has been
selected for the present study of high-entropy alloy thin films, based on reports
for HfNbTiZr-based bulk alloys, promising solid-solution strengthening, strain
hardening, homogeneous deformation, and structural stability, as well as properties
of general interest such as high hydrogen storage capacity and superconductivity
[25–28].

Finding the ideal functional coating is well known to require more optimization
than just the selection of elements, exemplified by the effects of various heat
treatments on material properties [29]. The role of disorder and imperfections
is also essential for the application of materials. Vacancies, grain boundaries, or
surface roughness, for example, are known to strongly affect the physical, chemical,
and electrical properties of polycrystalline alloys [30, 31]. Even stronger effects can
be achieved by selecting materials that prefer to form metallic glasses, which have
been shown to exhibit different mechanical properties, such as hardness, ductility,
and deformation behavior, also as thin films [32]. In the case of high-entropy
materials, the beneficial effects of disorder have led to the emergence of the class
of high-entropy metallic glasses (HEMGs), which have shown excellent mechanical
and electrical properties, structural stability, and resistance to annealing and
irradiation [33–35]. Reports of remarkably high hardness in HEMGs [33, 36–39]
are attributed to their fully disordered structure, characterized by the absence of
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grain boundaries, point defects and long-range order. While HEMGs and HEAs
are typically characterized by different compositions, favoring either amorphicity
or crystallinity, recent work on binary alloys demonstrated that tuning thin-film
growth parameters allows for the growth of crystalline or amorphous layers of the
same material [40]. Deliberately introducing structural disorder via off-equilibrium
layer growth eradicates the co-dependence of structure and stoichiometry, opening
up new pathways to customize existing materials for new applications. Building
a bridge between HEAs and their glassy counterparts will add versatility to this
highly promising class of materials, for example allowing for the application of a
single HEA as hard coating and as mechanically compliant film.

Here, we demonstrate that the hardness of the high-entropy alloy HfMoNbTiZr
can be improved by deliberately introducing structural disorder to this material,
which typically forms a single-phase crystalline structure [26, 28]. By appropriately
tuning the substrate temperature during pulsed laser deposition (PLD), different
levels of structural disorder are obtained, ranging from fully amorphous to
polycrystalline, without variation of the average chemical composition. The
resulting amorphous HfMoNbTiZr thin films exhibit a very high hardness,
exceeding that of their crystalline counterpart by approximately 30%. Our results
thus establish structural disorder as an effective parameter to tune the properties
of high-entropy alloy thin films, merging the concepts of HEAs and HEMGs for
versatile functional coatings.

4.2 METHODS

4.2.1 SAMPLE PREPARATION

HfMoNbTiZr (HEA) thin films were deposited onto 5×5 mm2 Al2O3(0001) substrates
(Siegert Wafer GmbH) via pulsed laser deposition (PLD) using a KrF excimer
laser (λ=248 nm, 20 ns pulse duration) with a typical energy density of 10.5-11.0
J/cm2 and laser repetition rate of 10 Hz. The substrates were cleaned prior
to deposition with sequential ultrasonic baths of acetone and isopropanol. A
custom-made equiatomic HfMoNbTiZr target was used for the deposition process.
The target was synthetized by arc-melting using powders or pieces of high-purity
Hf (99.90%), Mo (99.95%), Nb (99.99%), Ti (99.99%), and Zr (99.95%). During the
fabrication process, the target was re-melted more than 10 times after turning and
rotating to ensure homogeneity. The base pressure of the PLD system was better
than 5.0×10−10 mbar. All the depositions were performed in 4.0×10−2 mbar Ar
(purity 6.0) background pressure. An infrared laser heater (λ=980 nm) was used
to heat the substrate while the temperature was monitored with a pyrometer.
The thickness of the films ranged between 20 nm and 100 nm, measured with
atomic force microscopy. The elemental composition of the custom-made HEA
target and deposited HEA thin films was measured by means of energy-dispersive
x-ray spectroscopy (EDX) using a FEI Verios 460 SEM-EDX system equipped with a
Schottky field electron gun and an Oxford Xmax 80 detector. SEM images of the
surface morphology were acquired using the same setup, with an electron energy
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of 10 keV and beam current of 100 pA.

4.2.2 X-RAY DIFFRACTION

The structural properties of HEA thin films were investigated ex situ by means
of x-ray diffraction measurements in grazing-incidence configuration to minimize
the signal from the substrate. The GI-XRD investigation was performed using a
Bruker D8 QUEST diffractometer system equipped with an Incoatec IµS 3.0 CuKα
x-ray source (λ=1.5406 Å) and a PHOTON II Charge-integrating Pixel Array Detector
(CPAD). The diffractograms were obtained by integrating over lines of constant
2θ angle on the 2D detector using the Bruker APEX4 software. The integration
areas are highlighted in the 2D diffraction patterns by light blue lines. Additional
bright, sharp diffraction peaks attributed to crystalline melt-ejected droplets during
deposition [40] have been removed in Figure 4.1 for clarity (see Figure 4.5 of the
Appendix for the raw data and additional information).

4.2.3 TRANSMISSION ELECTRON MICROSCOPY

A JEOL 2010 operating at 200 kV (and equipped with a LaB6 electron source) was
used to record selected area electron diffraction (SAED) patterns and bright-field
TEM images with relatively small objective aperture to generate strong scattering
contrast to differentiate between amorphous and (nano)crystalline structures. TEM
samples were produced by depositing the HEA films directly onto 20 nm thick
silicon-nitride membranes and then directly capping these films with a 10 nm
amorphous Si layer. For comparison, TEM samples without capping layer were
also produced and analyzed.

4.2.4 X-RAY PHOTOELECTRON SPECTROSCOPY

XPS measurements were performed in a UHV setup (base pressure below 1.0×10−9

mbar) equipped with a Scienta Omicron R4000 HiPP-3 analyzer (swift acceleration
mode, 1 mm entrance slit) and a monochromatic Al-Kα x-ray source (1486.6
eV). The HEA thin films were investigated immediately after deposition to infer
the chemical composition and overall purity of the surface: the samples were
transferred from the PLD growth chamber to the XPS analysis chamber via an UHV
transfer system to prevent contamination due to air exposure.

4.2.5 HARDNESS MEASUREMENTS

The hardness of the HfMoNbTiZr thin films and the bulk PLD target was
determined via nanoindentation measurements performed using a Femtotools
FT-I04 system equipped with a Berkovich diamond tip (width approx. 200 nm)
and FT S-20000 bi-axial MEMS force sensors. The indentations were performed
in ‘continuous stiffness measurement’ (CSM) mode [41], providing continuous
results as a function of penetration depth. To minimize the contribution of the
Al2O3(0001) substrate, films of a thickness of at least 100 nm were used and the
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indenter maximum penetration depth was set to 180 nm. The hardness values were
then extracted by averaging more than 30 measurements performed on different
locations distanced several microns from each other. For the bulk HEA target, the
maximum penetration depth was set to 1.2 µm to minimize the contribution of the
much higher surface roughness.

4.3 RESULTS

To paint a comprehensive picture of HfMoNbTiZr (HEA) thin films, we connect
the growth parameters to measurements of the structure, composition, topography,
and hardness of the layers. The structural investigation was performed by means
of grazing-incidence x-ray diffraction (GI-XRD) with a 2D detector. Figure 4.1 (a)
provides an overview of the temperature-dependent diffractograms obtained from
samples grown at substrate temperatures ranging from room temperature (RT) up
to 900°C. The diffraction pattern of the HEA film grown at RT corresponds to the
one expected from amorphous structures [40, 42, 43], exhibiting two broad and
weak peaks (commonly referred to as amorphous halos) centered at approximately
37° and 63°, with a full width at half maximum (FWHM) of 5.5° and 10.5°,
respectively. These peaks are also characteristic of the diffractogram of the sample
grown at 700°C, although a clear narrowing is discernible (FWHM reduces to
approximately 3.6° and 7.5° ). The broad, low-intensity peak at 54° is ascribed to
an attenuated signal stemming from the Al2O3 substrate, visible as weak spots at
the edges of the integration area (light blue lines) in the 2D diffraction pattern.
Upon increasing the temperature to 800°C, sharp additional peaks around 38°, 52°
and 57° are observed, indicating the formation of crystalline ordered phases [40,
43], while the amorphous halos further narrow and shift towards higher diffraction
angles. On the other hand, the diffraction pattern of the HEA film deposited at
900°C displays very different features, dominated by well-defined sharp reflections
at positions of 28°, 29°, 38°, 41°, 51°, 58°, and 68°. The bright spots at well-defined
angles on the 2D-detector image demonstrate a high orientational preference
(Figure 4.1 (e)). Additionally, the amorphous halos are no longer observed. As a
comparison, GI-XRD measurements were also performed on the HEA bulk target
used for the PLD depositions (blue curve in Figure 4.1 (a)), which displays sharp
reflections produced by the Debye-Scherrer rings at positions 38°, 54°, 68° and
80°, in good agreement with the expected single-phase body-centered cubic (BCC)
crystal structure with a = 3.36 Å reported for HfMoNbTiZr in literature [26].

To gain further insight into the microstructural evolution at high deposition
temperature without substrate-induced effects, a HEA thin film was deposited
at 900°C onto a Si(100) substrate coated with a 100 nm thick amorphous
Si3N4 film. The deposition onto an amorphous layer is expected to remove
any substrate-induced orientational preference. Indeed, no clear orientational
preference is observed for the HEA film deposited onto amorphous Si3N4 (Figure 4.6
of the Appendix). The 2D diffraction pattern is dominated by continuous diffraction
rings characteristic for randomly oriented polycrystalline layers. The integrated
diffractogram of the HEA film deposited onto Si3N4 is similar to the one on



4

96 4 BRIDGING THE GAP BETWEEN HIGH-ENTROPY ALLOYS AND METALLIC GLASSES

Figure 4.1 (a) GI-XRD results of HfMoNbTiZr thin films deposited onto Al2O3(0001) at
different substrate temperatures. The diffractograms have been normalized by height. HEA
thin films deposited at RT (black curve) and at 700°C (red curve) display an amorphous
structure. After increasing the temperature to 800°C (dark red curve), sharp crystalline
diffraction peaks appear, and dominate the diffractogram at 900°C (purple curve). As a
comparison, the GI-XRD pattern of the HEA target used for the deposition is also reported
(blue curve), displaying a single-phase BCC crystal structure [26]. Sharp diffraction peaks
attributed to melt-ejected droplets during deposition have been removed (see Figure 4.5 of
the Appendix). (b-e) Corresponding 2D detector images: the integration of the area marked
with a light-blue solid line allowed to extract the diffractograms reported in (a). The
2D diffraction patterns of (b-c) are dominated by broad continuous rings, indicating an
amorphous structure. In contrast, sharp diffraction spots at well-defined angles are visible in
(d-e), indicating preferential orientation of crystallites.

Al2O3(0001): sharp peaks associated with crystalline phases are detected, while the
amorphous halos are not observed. However, several additional peaks at lower
diffraction angles and a splitting of the main peak at 38° are observed.

High-resolution structural characterization in real and reciprocal space has been
performed by means of transmission electron microscopy (TEM) and diffraction
of selected HEA thin films. Figure 4.2 shows representative TEM images of HEA
thin films deposited at RT (a) and at 700°C (d), together with the corresponding
selected area electron diffraction pattern (SAED) (b, e). No crystallites or ordered
regions are discernible in the real-space images for both growth temperatures (RT
and 700°C). The residual contrast in the images of Figure 4.2 (a) and Figure 4.2 (d)
is attributed to local variations in density or thickness of the layers in combination
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with the fact that the images were taken at relatively large defocus. The diffraction
pattern of the HEA film grown at RT reported in Figure 4.2 (b) exhibits only two
broad and featureless rings of homogeneous intensity (Figure 4.2 (c)), which is
characteristic for an amorphous layer. Also for the HEA film grown at 700°C, broad
and liquid-like diffraction features dominate the pattern, as shown in Figure 4.2
(e). However, an additional weak but narrower and discontinuous ring is visible
close to the second broad one (Figure 4.2 (f)), indicating the presence of a minority
phase of extremely small crystallites, estimated to be approximately 1-2 nm in
diameter, embedded in the amorphous matrix.

Figure 4.2 TEM analysis of HfMoNbTiZr thin films (approximately 20 nm thick) deposited
onto Si3N4 TEM windows and capped with an amorphous Si layer (approximately 10 nm
thick). Top: TEM image of an as-grown HEA thin film deposited at room temperature (a),
and corresponding SAED (b). (c) Zoomed-in panel in correspondence of the white dashed
square in (b): only two broad continuous rings are visible (black arrows). Bottom: TEM
image of a HEA thin film deposited at 700°C (d), and corresponding SAED pattern (e). (f)
Zoomed-in panel in correspondence of the white dashed square in (e): an additional weak
and discontinuous ring is visible (white arrows).

Figure 4.3 gives further insights into the temperature-dependent structural
evolution of HEA thin films. It shows TEM results focused on a region close to
an extraordinarily large melt droplet (dark circular feature in Figure 4.3 (a) with
a diameter of approximately 10 µm), which was ejected during PLD growth and
landed at the surface with high temperature. Two distinct regions characterized by
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different morphologies are clearly discernible in the TEM image of Figure 4.3 (a),
with the area in the proximity of the droplet exhibiting larger contrast variations
and clear signs of granularity. A zoomed-in TEM image reported in Figure 4.3 (b)
corresponding to the black dashed square in panel (a) reveals a gradual transition
towards increasing crystalline order as one approaches the immediate vicinity of
the droplet. With decreasing distance to the droplet, the size and density of
crystallites (dark and bright spots) increase up to patches of comparable brightness
of approximately 100 nm in size. Smaller but clear crystallites are observed
even several micrometers away from the droplet, therefore suggesting a high level
of crystallinity over extended areas close to the droplet. The SAED pattern of
Figure 4.3 (c) (corresponding to the area in Figure 4.3 (b)) shows several continuous
and well-defined diffraction rings in the vicinity of the reciprocal distance expected
for the original BCC-type crystal structure of the HEA (marked with dashed red
circles), as expected for a polycrystalline film. An additional distribution of bright
diffraction spots is visible around the rings, corresponding to XRD diffraction angles
varying from approximately 32° to 42°. A direct comparison between GI-XRD of
the HEA grown at 900°C onto Si3N4 and a TEM SAED line profile of Figure 4.3 (c)
is reported in Figure 4.7 of the Appendix. The SAED line profile shows similarities
with the GI-XRD diffractogram, with the appearance of additional diffraction peaks
with respect to the original BCC-type crystal structure.

Figure 4.3 (a) TEM analysis of a HfMoNbTiZr thin film deposited at 700°C onto Si3N4
TEM windows, focused on a region close to an extraordinarily large melt droplet. (b)
Zoomed-in TEM image of an area close to the droplet corresponding to the dashed black
square in (a): the dark and bright spots are ascribed to crystallites with a diameter of up to
100 nm. (c) SAED pattern of the region in (b) showing several continuous rings and bright
diffraction spots. The expected diffraction rings for the pure BCC phase of the HEA are
marked with red dashed circles.

For the comparison of amorphous and polycrystalline layers of the same
alloy, it is important to ensure that differences between the layers are not
dominated by variations in stoichiometry transfer during thin-film growth. The
elemental compositions of the HEA films and the bulk PLD target, as measured
by energy-dispersive x-ray spectroscopy (EDX, acquired with a scanning electron
microscope), are reported in Table 4.1. The target used for PLD exhibits a
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close-to-equimolar chemical composition, showing a minor depletion (≈2.5 at.%) in
Nb content and slight enrichment in Ti content, while the values of Hf, Mo and Zr
content are compatible with the nominal ones within the EDX experimental error
of ±1 at.%. On the other hand, the HEA thin films exhibit an elemental composition
with clear differences as compared to the bulk target, with approximately 4 at.%
enrichment in Mo and Zr, and 5 at.% depletion in Hf and Ti. The difference in
elemental composition between target and thin films is ascribed to resputtering
effects and scattering of the ablated material with the Ar background, which are
common phenomena occurring in PLD of metallic thin films [40, 44, 45]. The
HEA thin films deposited onto sapphire substrates at RT and high temperature
(800°C) exhibit the same elemental composition within the experimental error of
EDX. Typical scanning electron microscopy (SEM) images of the HfMoNbTiZr HEA
thin films are reported in Figure 4.8 of the Appendix and show a smooth and
homogeneous surface morphology. As a result of melt-ejection of droplets during
laser ablation, a low density of particles with diameters ranging from tens of
nanometers up to a few micrometers are deposited onto the surface.

Table 4.1 Elemental composition (in at.% as measured by EDX) of HfMoNbTiZr thin films
deposited at RT and 800°C, compared with the HEA PLD target. The thickness of both films
was approximately 100 nm. The EDX experimental error is estimated at ±1 at.%.

Hf Mo Nb Ti Zr

nominal 20.0 20.0 20.0 20.0 20.0
HEA-target 20.5 19.3 17.5 22.4 20.3
HEA-RT 15.4 23.7 19.2 17.6 24.1
HEA-800°C 14.1 24.8 19.1 18.0 24.0

The surface composition and impurity content were investigated using XPS.
Figure 4.9 of the Appendix shows an XPS survey spectrum of an as-grown HEA
thin film (thickness approximately 100 nm) measured after deposition at RT, and
transferred to the analysis tool in ultra-high vacuum (UHV) without air exposure.
The XPS survey exhibits only the core level peaks assigned to Hf, Mo, Nb, Ti and
Zr, with minor traces of oxygen. The detection of small traces of oxygen is ascribed
to the interaction of highly reactive elements such as Zr and Hf with residual water
in the deposition and measurement UHV chambers.

To quantify the interplay between thin film structure and mechanical performance,
we investigated the hardness of the HEA thin films using nanoindentation in
continuous stiffness measurement mode. Figure 4.4 shows the measured
depth-dependent hardness data of fully amorphous (blue curve) and crystalline
(red curve) HfMoNbTiZr HEA films on Al2O3(0001), averaged over 30 independent
indentation measurements. An initial rise in the measured hardness is observed in
the first 30 nm of indentation depth, which is typically caused by an inaccuracy
of the nanoscale geometry description of the diamond indenter (Berkovich tip,
3-sided pyramid) and sample (smooth flat). This leads to a varying definition of the
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contact area function with penetration depth, function which forms the basis of the
Oliver-Pharr model used in this measurement [41]. At indentation depths beyond 30
nm a significant difference in hardness between the amorphous and crystalline film
can be identified, and this difference decreases as the indentation depth increases
and the mechanical properties of the underlying Al2O3(0001) start dominating the
measurement. We therefore interpret the plateau region between approximately 30
nm and 50 nm (inset of Figure 4.4) as indicative of a minimal contrast in hardness.
In this 30-50 nm region, the hardness of amorphous HfMoNbTiZr is H=14±1
GPa, clearly exceeding the value for polycrystalline HfMoNbTiZr of H=11±1 GPa.
At this indentation depth of 30-50% of the film thickness, the absolute values
of the hardness may already be influenced by the substrate. As a comparison,
nanoindentation was also performed on the bulk HEA PLD target, as reported
in Figure 4.10 of the Appendix. The HEA target displays a substantially lower
hardness compared to the thin films, exhibiting a value of H=4.7±0.6 GPa. The
variation in the reduced modulus of the thin films (Figure 4.11) and the PLD target
(Figure 4.10) also reflects their different mechanical properties.

Figure 4.4 Hardness as a function of contact depth obtained from nanoindentation
measurements of amorphous (blue curve) and crystalline (red curve) HfMoNbTiZr thin films
deposited onto Al2O3(0001). The thickness of both films was approximately 100 nm. The
hardness values of the HEA films were extracted from the plateau region detected between
approximately 30 nm and 50 nm of indentation depth (black dashed square), reported in
the inset.
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4.4 DISCUSSION

The combined results of GI-XRD, TEM and EDX measurements clearly demonstrate
that structural disorder in HfMoNbTiZr thin films of constant composition (within
1 at.%) is a tunable parameter that can be controlled independently of the
composition via the growth conditions in pulsed laser deposition. In agreement
with previous studies on metallic glasses grown with PLD [40], the temperature
of the substrate is a key parameter. At low substrate temperatures, the HEA
films are amorphous. The fully disordered phase is predominant up to substrate
temperatures of at least 700°C. Nanometer-sized crystallites embedded in the
amorphous matrix give a subtle signal in the TEM SAED pattern at 700°C, but
they do not present a signature in GI-XRD measurements, thus indicating low
density, or extremely small particle sizes (in the range of 1-2 nm). The decrease
in width of the amorphous halos and their shift towards higher diffraction angles
with increasing temperature suggest the formation of a lower-energy amorphous
structure and tunable packing density of the HEA films [46]. By increasing the
substrate temperature to 800°C, the crystallites grow in size and number, and are
detected also with GI-XRD. However, the presence of high background signal in
the region of the amorphous halos in the 800°C diffractogram still indicates a
significant level of disorder. After a further increase in growth temperature to 900°C,
the system overcomes the strongly disordered state and forms crystalline grains
with high orientational preference. The high thermal energy required to induce
crystallization is in agreement with temperature scales characteristic of refractory
metals such as niobium, tantalum, and tungsten [47]. Here, this is borne out
by a remarkably high temperature (between 800°C and 900°C) required to obtain
sharp diffraction features, which are a clear indication of structural order over tens
of nanometers. In comparison, the crystallization temperature of the majority of
metalloid-free metallic glasses is in the range of approximately 400-700°C [47–49].
High crystallization temperatures are particularly desirable in industries such as
energy production and space exploration, where coatings need to sustain highly
corrosive and high temperature environments [47].

The crystalline HEA thin film exhibits a more complicated diffraction pattern
than the bulk polycrystalline PLD target. The diffractograms of the films deposited
onto sapphire at T=800°C and 900°C show a combination of Debye-Scherrer rings,
likely originating from the starting BCC-type polycrystalline phase, and several
sharp diffraction spots stemming from a newly formed crystalline phase with
well-defined orientation aligning with the Al2O3(0001) substrate. The additional
reflections at approximately 2θ = 29°, 41°, 51°, and 58° in Figure 4.1 (a) are
attributed to a primitive cubic structure (CsCl-type) with a lattice constant of
approximately a = 3.12 Å. The decrease in the magnitude of the lattice constant in
comparison to the original BCC structure of the PLD target is reflected in the shift
of the reflections to larger 2θ values. The symmetry reduction to a primitive cubic
cell manifests itself for example in the emergence of the (100) and (111) reflections
at approximately 29° and 51°, respectively. This interpretation is supported by the
recent report of a primitive cubic structure of the CsCl-type in HEAs containing
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refractory metals [50]. The stabilization of the CsCl-type crystal structure is
ascribed to the difference in magnitude of the atomic radius between the larger Hf
and Zr, on one side, and smaller Mo, Nb and Ti, on the other, which leads to a
partial ordering of these two subgroups of atoms in two different crystallographic
positions [50]. Therefore, in contrast to the arc-melted bulk target, which is close
to the thermodynamically preferred structure, the off-equilibrium nature of PLD,
with large variations in the local composition of crystalline nuclei, results in a
polycrystalline structure of HfMoNbTiZr with two phases at the conditions tested
here. This means that, technically, the crystalline layers of HfMoNbTiZr in this
study are not single-phase solid solutions and therefore cannot be considered a
‘true’ HEA, in contrast to the PLD target.

The deposition of HfMoNbTiZr at 900°C onto an amorphous Si3N4 layer further
clarifies the mechanism of crystalline growth at high temperature. The amorphous
structure of Si3N4 prevents the formation of a strong orientational preference
in the film owing to its own lack of long-range order. The 2D-detector image
corresponding to HfMoNbTiZr on Si3N4 (Figure 4.6 (c)) shows the presence of
continuous rings, whereas the one corresponding to HfMoNbTiZr on sapphire is
characterized by bright spots at well-defined diffraction angles in three dimensions
(Figure 4.6 (b)). In contrast to the single-phase bulk target, the diffraction pattern
of the film deposited on Si3N4 (Figure 4.6 (a)) features multiple peak splittings.
The majority of the new diffraction rings are close to the original reflection
positions of the native BCC-type structure of the target, indicating the formation
of various BCC intermetallic phases with similar lattice constants, estimated in the
range between 3.2 Å and 3.8 Å. This is ascribed to a temperature-induced phase
segregation of alloys with different compositions in the film. The peak at 29° is still
present, providing further evidence for the existence of the cubic CsCl-type lattice
discussed above. Interestingly, the orientational and structural preference provided
by the Al2O3(0001) substrate also strongly reduces the observed variation in lattice
constants and is thus expected to improve the homogeneity of the layer.

Moreover, the continuous temperature variation observed in TEM measurements
of a region close to a micrometer-sized droplet provides insight into the
temperature-dependent variations in structure. The droplet is expected to
substantially increase the local temperature of the film upon landing on the
surface as a hot melt and slowly cooling down. As a consequence, a gradient
in thermal energy is formed in the surroundings of the droplet, with decreasing
temperature as one moves away from its boundary. In this region, the temperature
is expected to be locally high enough (namely ≥ 900°C) to induce the formation
of large crystalline grains. The grain size decreases at larger distance from the
droplet. The corresponding SAED line profile of Figure 4.7 shows the presence of
several additional diffraction peaks, confirming temperature-induced formation of
additional phases, most likely via phase separation. These results further clarify
the growth mechanism of crystalline HfMoNbTiZr and confirm the formation of a
layer with different coexisting phases at high temperature.

Nanoindentation measurements establish the important role that the thin-film
structure plays in the mechanical properties of the coatings. As compared to
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conventional alloys and pure metals, many HEAs have been reported to be harder
thanks to solid-solution strengthening and lattice distortion effects [18, 51, 52].
This is in line with our observation that the single-phase BCC crystal structure
of the HfMoNbTiZr PLD target is harder than the corresponding individual pure
metals Mo, Nb, Ti, Hf, Zr [53, 54], in good agreement with previous reports on
similar bulk high-entropy alloys [53, 55–58]. Polycrystalline HfMoNbTiZr thin films
display a remarkably high hardness of 11 GPa, in agreement with previous reports
of hard refractory HEA coatings [22, 33, 59, 60]. The hardness of the crystalline
HEA coating is even surpassed by the amorphous HfMoNbTiZr thin film, with a
measured hardness value of 14 GPa. While the difference between polycrystalline
and amorphous layers is based on measurements with exactly the same sample
geometry, substrate effects on the absolute hardness values cannot be excluded. For
substrates with significantly higher hardness than the respective coating, however,
the influence of the substrate on the measurement is reduced [61], supporting
that HfMoNbTiZr thin films are indeed substantially harder than the bulk material.
We attribute this increase in hardness to grain-size thin-film effects, as described
by the Hall-Petch relationship, which states that the hardness of nanomaterials
increases with decreasing grain size. Down to a critical grain size of 10-30 nm,
grain boundaries act as diffusion barriers hindering the propagation of dislocations
[62]. In line with this interpretation, multi-phase HEA thin films commonly display
increased hardness with respect to their single-phase counterparts [19, 63, 64].
Therefore, the coexistence of different crystalline phases is expected to play an
important role in effectively impeding the motion of dislocations. The increased
hardness of amorphous HfMoNbTiZr (approximately 30% higher) is in agreement
with the concept that metallic glasses are harder than crystalline alloys thanks to
the lack of structural long-range order, which hinders the atoms’ mobility and
further enhances resistance to plastic deformations [33, 65–67].

Our results demonstrate that the targeted introduction of structural disorder to
a (otherwise single-phase) HEA is a viable option for optimizing selected material
properties. Increasing the level of disorder to first form to a polycrystalline layer
with different phases and then a fully amorphous film, raises the hardness of
HfMoNbTiZr to a different regime. The level of structural disorder represents an
additional degree of freedom in the development of coatings, which has been
effective to tune the optical, chemical and electronic properties of simple alloys
without modifying their composition [40]. Here, this novel approach is extended
to mechanical properties and high-entropy materials. Intentionally disordering a
high-entropy alloy allows us to bridge the gap between the two seemingly different
concepts of HEAs and HEMGs and customize the hardness of the material. This is
for instance relevant to tune HEAs to fulfill either the requirements of mechanically
stable, strong, and durable protective coatings against wear, stress, and fatigue or
those of mechanical compliance of flexible electronics and wearable devices.
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4.5 CONCLUSIONS

In summary, we demonstrate the growth of HfMoNbTiZr high-entropy alloy thin
films with tunable level of structural disorder, ranging from fully amorphous
to crystalline while maintaining an identical composition. This is achieved by
appropriately varying the substrate temperature during pulsed laser deposition
of the alloy. The amorphous phase exhibits remarkable thermal stability, being
predominant up to a growth temperature of 700°C. For complete crystallization, a
higher temperature (900°C) is required. Nanoindentation measurements highlight
the intriguing mechanical properties of HfMoNbTiZr thin films, which display
exceptional increase in hardness compared to the single-phase bulk PLD target.
The fully disordered, amorphous HfMoNbTiZr films further exceed the hardness
of the polycrystalline layers by approximately 30%. These results establish the
importance of disorder as an effective parameter to tune the properties of materials
without varying their composition, serving as a bridge between the different
concepts of HEA and HEMG. Control over a gradual transition between order and
disorder provides new versatility to materials design and has the potential to widen
the scope of alloy coatings and enhance their individual performance.
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APPENDIX

Figure 4.5 (a) Raw GI-XRD diffractograms of HEA thin films deposited at different substrate
temperatures, ranging from RT up to 900°C. (b) 2D detector image of the HEA film deposited at
700°C showing the presence of a few diffraction spots attributed to crystalline droplets. These spots
have been marked with black arrows in the zoomed-in image in (c), corresponding to the dashed
white square in (b).

Figure 4.5 displays the raw GI-XRD diffractograms of HEA thin film as a function
of growth temperature. The sharp peaks marked with black asterisks are ascribed to
diffraction from individual large crystalline particles deposited on the surface in low
density. The ejection of liquid metal droplets during deposition is common for laser-
ablation of metals and can be reduced by polishing the PLD target (see for example
the 2D-detector image of the sample grown at room temperature in Figure 4.1 (b)).
The sharp diffraction peaks associated with the metal droplets have been removed in
Figure 4.1 for clarity.
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Figure 4.6 (a) GI-XRD diffractograms of HfMoNbTiZr thin films deposited at T=900°C onto
Al2O3(0001) substrate (black curve) and onto 100 nm thick (CVD deposited) amorphous Si3N4
on a Si(100) substrate (red curve). The diffractogram of the HEA target is also reported as a com-
parison (blue curve). (b-d) Corresponding 2D-detector images: the integration of the area marked
with a light blue line allowed extracting the diffractograms reported in (a).

Figure 4.7 (a) TEM SAED pattern corresponding to a crystalline region of a HfMoNbTiZr thin
film deposited at 700°C onto a Si3N4 TEM window. The area marked with a light-blue curve
has been used to extract the SAED line profile. (b) Comparison between the integrated SAED line
profile in panel (a) (blue curve) and a GI-XRD diffractogram of a HEA thin film deposited at 900°C
onto a Si3N4 substrate (black curve).
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Figure 4.8 Typical plan view scanning electron microscopy images of HfMoNbTiZr thin films
(approximately 20 nm thick) deposited onto Al2O3(0001) substrate. The surface exhibits a smooth
and homogeneous morphology, characterized by the presence of metal droplets with a diameter
ranging from a few tens of nanometers (a) up to 10µm (b). These droplets give rise to sharp diffrac-
tion spots at well-defined angles on the GI-XRD 2D detector (see Figure 4.5).

Figure 4.9 In situ X-ray photoelectron spectroscopy investigation of an as-grown HfMoNbTiZr
thin film (with a thickness of approximately 100 nm) deposited onto Al2O3(0001) substrate at
room temperature. The survey spectrum has been acquired at pass energy PE=500 eV. Only core
level peaks ascribed to Hf, Mo, Nb, Ti, and Zr are visible in the XPS survey, with minor traces of O.
The presence of a small amount of oxygen is ascribed to the interaction of highly reactive elements
such as Zr and Hf with residual water present in the ultra-high vacuum chambers for deposition
and spectroscopy.
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Figure 4.10 Hardness (a) and corresponding reduced modulus (b) as a function of contact depth
obtained from nanoindentation measurements of the HfMoNbTiZr PLD target. The high uncer-
tainty obtained in the first ≈0.4 µm is ascribed to the high roughness of the target surface. The
bulk hardness value has been extracted from the plateau region detected between approximately
0.5 µm and 1.1 µm.

Figure 4.11 Reduced modulus as a function of contact depth obtained from nanoindentation
measurements of amorphous (blue curve) and crystalline (red curve) HfMoNbTiZr thin films de-
posited onto Al2O3(0001). The thickness of both films was approximately 100 nm.



SUMMARY

OPTIMIZING THIN-FILM PROPERTIES VIA ATOMIC-SCALE MODIFICATION

In materials science, the atomic scale is often overlooked if the primary interest is in
macroscopic properties and a detailed atomic-level understanding is not essential.
However, for a large variety of applications, ranging from free-standing nanolayers
to hard, corrosion-resistant, and optically transparent thin films, the optimization of
macroscopic properties can be achieved through controlled atomic-scale modifica-
tion. In this thesis, this approach is focused on coatings of metals and alloys, which
form an active area of research both in fundamental and applied contexts. Novel path-
ways to customize metallic films to specific requirements are explored. The effects on
macroscopic performance are characterized and connected to an atomic-scale picture
by employing a wide array of experimental techniques, including x-ray photoelectron
spectroscopy, x-ray diffraction, atomic-force microscopy, Raman spectroscopy, and
transmission electron microscopy. Here, the main conclusions and the most important
experimental findings from the individual chapters are summarized, and their impact
on the core themes of this thesis is highlighted.

In chapter 1, the background of the thesis is set by addressing the main advantages
and drawbacks of the employed deposition techniques. Furthermore, growth kinet-
ics and stress buildup/relaxation are briefly reviewed, since they play a fundamental
role in the effects observed in the following chapters. The discussion is focused first
on sputtering and pulsed laser deposition, and the influence of growth parameters
on thin-film properties. This is particularly important in the context of atomic-scale
optimization of thin films: the competition between thermodynamics and kinetics
during deposition is addressed, and the possibility of using kinetics to influence the
growth mode is discussed. The latter is critical for controlling film properties such as
microstructure and morphology, which strongly influence the coating performance.
Finally, the development of stress and the effects of stress-relaxation processes in thin
films are reviewed. The background provided in these sections helps to understand the
underlying atomic-scale processes and interpret the experimental results on macro-
scopic properties such as strength, chemical stability, and optical transparency of thin
films.

A versatile, simple, and chemical-free method to produce free-standing layers of
nanoscale thickness is explored in chapter 2. The observation that Ru layers deposited
onto Si(100) delaminate upon annealing is explained using a stress-based mechanism,
combining results from photoelectron spectroscopy, transmission, and scanning elec-
tron microscopy. The essential requirements for the observed mechanism of delam-
ination are identified in the element Ru and the Si(100) substrate with native oxide.
Upon annealing at temperatures above 400°C, diffusion of Si from the substrate into
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the Ru layer is enabled, leading to the buildup of in-plane compressive stress, which
is relaxed by local buckling that eventually results in a sharp separation of the coating
at the interface between silicon oxide and Si. The delamination process can be gen-
eralized and extended to different metals and alloys by using a thin Ru buffer layer,
allowing to harvest free-standing nanolayers of custom composition.

In chapter 3, the degree of structural disorder is investigated as an atomic-scale pa-
rameter for customizing functional coatings at the macroscale. This novel strategy is
applied to a simple binary alloy system, and its impact on different material proper-
ties is studied on the example of CuZr. The approach based on PLD allows tuning
the level of structural disorder without affecting other film parameters (such as stoi-
chiometry) and enables to isolate the effects of the different atomic structures. Amor-
phous and crystalline CuZr layers with the same composition are directly compared,
and the results demonstrate the critical role of disorder on the macroscopic film behav-
ior, such as resistance to corrosion, electronic conductivity, and optical transparency.
Crystalline CuZr layers are dark and reflective, show the conductivity of a bad metal,
and grain boundary effects in their oxidation behavior. Conversely, the fully disor-
dered nature of amorphous CuZr layers results in increased corrosion resistance and
semiconductor-like behavior in the electronic and optical properties.

Similarly to the approach of chapter 3, the concept of deliberately introducing struc-
tural disorder is explored in chapter 4 for multi-component alloy thin films. A promis-
ing class of materials, namely high-entropy alloys (HEAs), and their fully-disordered
counterpart, high-entropy metallic glasses (HEMGs), have been chosen for the study.
Amorphous and crystalline layers of HfMoNbTiZr of the same composition are fab-
ricated with PLD and compared. This work sheds light on the modification of Hf-
MoNbTiZr from HEA to HEMG, and the concomitant change in hardness. In this con-
text, amorphous HfMoNbTiZr layers display higher hardness with respect to their crys-
talline counterparts, increased by approximately 30%. This result is ascribed to the lack
of long-range order, which hinders atom mobility and enhances resistance to plastic
deformations. Additionally, drastic variations in hardness between the bulk material
and the thin films are observed.

In conclusion, since the first fundamental description by Feynman in 1959, the field
of nanotechnology has experienced drastic breakthroughs and rapid development, al-
lowing to shape today’s technological landscape. Thin films in particular are essen-
tial in enhancing and functionalizing the performance of bulk materials. The ability
to develop coatings with novel, tailored properties is a strong requirement to further
push the boundaries of modern-day technology. In this context, optimizing the macro-
scopic film properties through tailored atomic-scale modification represents one of
the most effective and fascinating aspects of thin-film technology. The experimental
results reported in this thesis further strengthen the importance of atomic-scale prop-
erties in determining the macroscopic behavior, highlighting new ways of innovative
materials design.



SAMENVATTING

OPTIMALISATIE VAN DUNNE LAAGEIGENSCHAPPEN DOOR MODIFICATIE

OP ATOMAIRE SCHAAL

In de materiaalwetenschap wordt de atomaire schaal vaak over het hoofd gezien wan-
neer het primaire doel de macroscopische eigenschappen is, en gedetailleerd begrip
van het materiaal op atomair niveau niet essentieel is. Echter kan de optimalisatie
van macroscopische eigenschappen bereikt worden door modificatie op de atomaire
schaal voor een grote verscheidenheid aan toepassingen, van vrijstaande nanolagen,
tot aan harde, corrosiebestendige en optisch transparante dunne lagen. In dit proef-
schrift is deze aanpak toegespitst op coatings van metalen en legeringen, waar zowel in
fundamentele als in toegepaste context actief onderzoek naar wordt gedaan. Nieuwe
manieren worden verkend om metaalachtige lagen aan te passen aan specifieke ei-
sen. De effecten op macroscopische prestaties worden gekarakteriseerd en verbonden
aan een atomair plaatje door middel van een breed scala aan technieken, waaron-
der röntgenfoto-elektron spectroscopie, röntgendiffractie, atoomkrachtmicroscopie,
Raman spectroscopie en transmissie-elektronenmicroscopie. Hieronder worden de
voornaamste conclusies en belangrijkste experimentele bevindingen van de afzonder-
lijke hoofdstukken samengevat, en hun impact op de hoofdthema’s van dit proefschrift
wordt gemarkeerd.

In hoofdstuk 1 wordt de achtergrond van dit proefschrift geschetst door de voor-
naamste voor- en nadelen van de gebruikte depositietechnieken te adresseren. Ver-
der worden de groeikinetiek van dunne lagen en opbouw/relaxatie van mechanische
spanning kort doorgenomen, aangezien deze een fundamentele rol spelen in de waar-
genomen fenomenen van de volgende hoofdstukken. Allereerst wordt de focus gelegd
op sputteren en ‘pulsed laser deposition’ (PLD), evenals op de invloed van groeipara-
meters op de eigenschappen van dunne lagen. Dit is bijzonder belangrijk in de context
van optimalisatie van dunne lagen op de atomaire schaal: de competitie tussen ther-
modynamica en kinetiek gedurende depositie wordt geadresseerd, en de mogelijkheid
om kinetiek te gebruiken om de groeimodus te beïnvloeden wordt bediscussieerd. Dit
laatste is van kritiek belang om dunne laageigenschappen zoals de microstructuur en
de morfologie te beheersen, welke de prestaties van de coating sterk beïnvloeden. Ten-
slotte worden de ontwikkeling van mechanische spanning en de effecten van relaxatie
daarvan in dunne lagen herzien. De achtergrondinformatie die in deze secties wordt
gegeven helpt in het begrijpen van de onderliggende processen op atomaire schaal, en
in het interpreten van de experimentele resultaten van macroscopische eigenschap-
pen zoals de sterkte, chemische stabiliteit en optische transparantie van dunne lagen.

Een veelzijdige, simpele, en chemicaliën-vrije methode om vrijstaande lagen van na-
nometer dikte te produceren wordt verkend in hoofdstuk 2. De waarneming dat ruthe-
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nium lagen gedeponeerd op Si(100) delamineren na verhitting, wordt verklaard door
middel van een mechanisme gebaseerd op mechanische spanning, waarbij resultaten
van foto-elektronenspectroscopie, transmissie- en rasterelektronenmicroscopie wor-
den gecombineerd. De essentiële vereisten voor dit geobserveerde mechanisme van
delaminatie worden geïdentificeerd voor het element Ru en het Si(100) substraat met
natuurlijke oxidelaag. Bij verhitting tot temperaturen boven 400°C wordt diffusie van Si
vanuit het substraat naar de Ru laag mogelijk gemaakt, wat leidt tot opbouw van druk-
spanning binnenin de laag. De spanning relaxeert door middel van een lokale “knik”
in de laagstructuur, wat uiteindelijk resulteert in een scherpe scheiding van de coating
bij het grensvlak tussen het Si kristal en de natuurlijke siliciumoxide. Dit proces van
delaminatie kan gegeneraliseerd worden en worden uitgebreid naar verschillende me-
talen en legeringen door gebruik van een dunne Ru bufferlaag, wat het mogelijk maakt
om vrijstaande nanolagen van zelfgekozen samenstelling te fabriceren.

In hoofdstuk 3 wordt de mate van structurele wanorde onderzocht als een atomaire
parameter voor het aanpassen van functionele coatings op de macroschaal. Deze ver-
nieuwende strategie is toegepast op een simpele binaire legering, en de invloed op ver-
schillende materiaaleigenschappen is onderzocht voor het voorbeeld van CuZr. Deze
aanpak gebaseerd op PLD maakt het mogelijk om de mate van structurele wanorde
af te stellen zonder invloed te hebben op de andere parameters van het film (zoals
de stoichiometrie) en stelt ons in staat om de effecten van de verschillende atomaire
structuren te isoleren. Amorfe en kristallijne CuZr lagen met dezelfde stoichiometrie
worden rechtstreeks vergeleken en de resultaten laten de cruciale rol zien van wanorde
in het macroscopische gedrag van de laag, zoals de resistentie tegen corrosie, soorte-
lijke geleidbaarheid, en de optische transparantie. Kristallijne CuZr lagen zijn donker
en reflectief, hebben de geleidbaarheid van een slecht metaal, en tonen de effecten van
korrelgrenzen in hun oxidatiegedrag. Daarentegen resulteert de volledig ongeordende
aard van een amorfe CuZr laag in een toename van de resistentie tegen corrosie en
halfgeleider-achtig gedrag in termen van de elektronische en optische eigenschappen.

Vergelijkbaar met de aanpak in hoofdstuk 3 wordt in hoofdstuk 4 het concept van
opzettelijk structurele wanorde introduceren verder verkend, ditmaal voor dunne la-
gen van legeringen met meerdere componenten. Een veelbelovende klasse materi-
alen, te weten zogeheten ‘high-entropy alloys’ (HEAs), en hun volledig ongeordende
tegenhangers, ‘high-entropy metallic glasses’ (HEMGs), zijn gekozen voor deze studie.
Amorfe en kristalline lagen van HfMoNbTiZr met dezelfde compositie worden gefabri-
ceerd met PLD en daarna onderling vergeleken. Dit werk belicht de modificatie van
HfMoNbTiZr van HEA tot HEMG en de daarbij horende verandering in hardheid. In
deze context tonen amorfe HfMoNbTiZr lagen een hogere hardheid vergeleken met
hun kristallijne tegenhanger, met een toename van ongeveer 30%. Dit resultaat wordt
toegeschreven aan het gebrek van lange-afstandsorde, wat atomaire mobiliteit hindert
en de weerstand tegen plastische vervorming verhoogt. Bovendien worden drastische
variaties in hardheid waargenomen tussen bulk materiaal en dunne lagen.

Ten slotte, sinds de allereerste fundamentele omschrijving door Feynman in 1959,
heeft het veld van nanotechnologie drastische doorbraken en rappe ontwikkelingen
doorgemaakt, waardoor het vorm heeft kunnen geven aan het hedendaagse techno-
logische landschap. Dunne lagen in het bijzonder zijn essentieel in het verbeteren en
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functionaliseren van de prestaties van bulkmaterialen. Het vermogen om coatings te
ontwikkelen met vernieuwende, op maat gemaakte eigenschappen is een sterk vereiste
voor het verder verleggen van de grenzen van de moderne technologie. In deze context
vertegenwoordigt het optimaliseren van macroscopische eigenschappen door middel
van modificatie op atomaire schaal één van de meest effectieve en fascinerende as-
pecten van de technologie van dunne lagen. De experimentele resultaten getoond in
dit proefschrift versterken het belang van de eigenschappen op atomair niveau in het
bepalen van het macroscopisch gedrag, wat nieuwe manieren van innovatief ontwerp
van materialen benadrukt.
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